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SUMMARY 

In this thesis, we studied the behavior of nanoscale materials exposed to liquid, gas, and high temperature 

environments. This study was enabled by the utilization of in situ transmission electron microscopy (TEM) 

for the study of nanoscale reactions. We performed our in situ TEM evaluation using silicon nitride (SiN)-

membrane gas cells, SiN-membranes with resistive Joule heating, and SiN-membrane liquid cells. 

Specifically, key insights are obtained for synthesis of two-dimensional (2D) heterostructures, degradation 

mechanisms of 2D-supported heterogeneous catalysts under service conditions, and behavior of high-

entropy alloy materials in redox gaseous environments.  

 Initially, the nucleation and growth processes of noble metal nanoparticles on 2D supports are 

investigated. Recently, noble metal nanoparticles with high surface area, suitable orientation and strong 

resistant to aggregation is of highly demand in design of next generation catalysts. 2D materials, a 

promising substrate for noble metal nanoparticles, provide a facile way to control particle size, orientation 

and prevent aggregation. However, little is known on how two-dimensional substrates influence the 

nucleation and growth process of noble nanoparticles. Dynamic characterization of such events preserving 

the liquid environment is key to unveil the underlying mechanisms of substrate-noble metal interactions 

during their nucleation and growth processes. Utilizing the advanced liquid-cell TEM technique, in situ 

observation of nucleation and growth process of gold nanoparticles on ultrathin MoS2 nanoflake is 

achieved. It is found that growth of Au nanoparticle behaves significantly different on pristine MoS2 and 

defective MoS2. Electrochemical Oswald ripening governs Au growth on pristine MoS2, while the sulfur 
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vacancies on defective MoS2 provide strong adsorption sites that promote particle diffusion and 

coalescence. The results help further understanding of synthesis conditions that can achieve desirable 

morphology of heterogeneous catalysts.  

 In the subsequent study, the degradation mechanisms of 2D material supported catalysts in service 

conditions are investigated. Although 2D materials supported mono- and core-shell nanoparticles offer a 

promising way to achieve better catalytic activity and selectivity, little is known on how 2D substrates 

influence the durability of the supported catalysts due to the limited characterization methods of dynamic 

degradation events. Utilizing the advanced in situ gas-cell TEM technic combined with DFT calculation, 

significant difference in sintering kinetics of Pt and Au@Pt core-shell on MoS2 are observed under vacuum, 

N2, H2 and air environments. Due to the Pt-H interactions, Pt nanoparticles are less stable on MoS2 in H2 

than in vacuum and N2. In contrast, small size Au@Pt core-shell nanoparticles are more stable than larger 

ones and similar size Pt NPs in H2 due to the alloying effect and inertia to H2 dissociation. This finding 

provides key insights into how nanoparticles stability can be tuned by controlling reaction with ambient 

atmosphere and interactions with 2D supports. Additionally, this study addresses catalysis degradation 

mechanisms in environments more closely to the actual application conditions. 

In another study, the oxidation and reduction behaviors of high entropy alloy (HEA) nanoparticles 

(NPs) in atmospheric pressure oxidizing/reducing environments are investigated. With five or more 

principle elements in the form of homogeneous mixed solid solutions in a single-phase, HEA NPs offer a 

promising way to achieve supreme mechanical properties, thermal stability and corrosion resistance. 

However, little is known on such NPs behave under critical conditions involving oxidizing gases due to 
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the limited characterization methods of dynamic events. Utilizing the advanced in situ gas-cell TEM 

technic combined with DFT calculation, the high-temperature oxidation and reduction of FeCoNiCuPt 

HEA NPs in real-time are successfully captured. Combining the in situ STEM-EDS and STEM-EELS 

analyses, the oxidation of HEA NPs are found to be governed by Kirkendall effects displaying outwards 

segregation of Fe, Co, Ni and Cu. The oxidation states of transition metals are further determined by EELS 

and HRTEM. During oxidation, localized ordering from metal oxide are observed to form in an overall 

disordered oxide matrix. In the reduction process, further segregation of Cu into Cu NPs is identified. The 

HEA NPs transform into HEA core and oxide shell structure, with individual Cu NPs at external surface 

of the oxide. These findings provide key insights into HEA NPs oxidation and reduction kinetics, and shed 

light on future design of highly stable alloys with wide applications in structural materials, energy 

conversion, and advanced catalysis. 

 

It is expected that the in situ TEM techniques are to be developed rapidly in future, possibly with wider 

range of capabilities and further improved resolutions. In addition to provide fundamental understandings 

and insights on materials development, the studies presented in this thesis can serve as guideline and 

references for the ongoing efforts in microscopy techniques process improvements. 
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Chapter 1 Introduction 

1.1 Introduction to in situ liquid phase TEM 

TEM, a technique ideal for obtaining high spatial resolution information of materials structures, is widely 

used in understanding the structure and chemistry of advanced materials. Since the working principle of 

TEM relies on the accelerated electron beam interactions with sample, conventional TEM requires 

maintaining high vacuum in the microscope chamber and specimen region. Therefore, the obtained 

information reflects specimen in vacuum condition. Liquid-phase TEM, a technique involving special 

design in specimen region that allows the sample stay in liquid without influencing the high vacuum in 

TEM chamber, is demonstrated earlier as in 1974 where an environmental chamber with thin film 

windows was designed for the microscope column.[4] This technique has further been developed in the 

past decades and has opened the possibility to observe samples in liquid phase as well as liquid-phase 

reactions with high spatial and temporal resolution. Reactions that beyond the observation capabilities of 

conventional TEM are now easily applicable for in situ liquid-phase TEM, such as nucleation and growth 

of materials,[5-13] electrochemical reactions between electrolyte and electrode,[14-16] corrosion process 

happens on solid-liquid interfaces,[17-20] and so forth. These capabilities provide direct evidences of 

localized phenomena that can help address relationships between materials properties and dynamic 

reactions during syntheses and applications. Recently, there are two major in situ liquid phase TEM 

techniques: MEMS-based liquid cell TEM and graphene liquid cell (GLC) TEM, as shown in Figure 
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1-1.They will be discussed separately in the following sections.  

 

Figure 1-1. Two major in situ liquid phase TEM techniques: (a) Schematic of MEMS-based liquid cell 

TEM device. The capability of introducing electrochemical stimuli is demonstrated. Inset shows example 

of 2D materials supported nanoparticles in the liquid cell. (b) Schematic of graphene liquid cell setup. The 

liquid pocket is formed by sandwiching two graphene layers.  

 

1.1.1 MEMS-based liquid cell TEM 

Since the idea of isolating liquid between two layers to prevent influencing high vacuum in electron 

microscope chamber, in situ liquid TEM has been conducted by utilizing microchips made from silicon 

equipped with electron transparent silicon nitride membrane. Figure 1-1a shows the schematic of MEMS-

based liquid cell TEM setup. The specimens are loaded onto the SiN membrane region carefully due to 

the thin (usually less than 50 nm) and fragile nature of the membrane. This step can be achieved by 

different methods depending on the specimen size, shape, physical and chemical properties. Currently, 



3 

 

drop-casting of sample dispersion, physical vapor deposition, and focused ion beam (FIB) are several 

common methods aiming to load the specimen while preserving the SiN membrane.[21] Then another 

microchip is used to pair with the one with specimen on that, fully sealed with gaskets, and then assembled 

onto TEM holder, forming a liquid cell around the specimen area. The distance between two microchips 

is controlled by spacers, ranging from tens of nm to more than 1 μm. The SiN membrane, commonly 

called the transparent window, serves as the observation window for the isolated specimen. However, due 

to the high vacuum in the microscope chamber, the SiN window may bulge when liquid is inside the cell, 

resulting in a liquid thickness gradience in different regions.[21] This effect may or may not influence the 

dynamic behaviors and should be carefully considered when performing in situ liquid TEM experiments. 

Electron scattering will happen when the electron beam pass through the SiN window and the liquid layer 

before reaching the specimen, resulting in a decrease of resolution compare to imaging in vacuum 

condition. By carefully tuning the liquid thickness, SiN window thickness, specimen physical and 

chemical properties, the spatial resolution is possible to reach atomic level.[22] The temporal resolution, 

which is another essential factor in observing dynamic reactions, is determined by the imaging techniques 

involving parameters such as camera speed in TEM, scanning dwell time and frame time in STEM. The 

MEMS-based liquid cell TEM technique has been developed and commercialized by several companies 

including (by alphabet order) DENSsolutions, Hummingbird Scientific and Protochips. These specialized 

in situ TEM holders have the capability of forming static liquid cell and dynamic flow cell, by controlling 

the open or isolation of liquid inlets/outlets. The dynamic flow cell setup further opens the possibility to 

observe reaction in its very beginning and early stage, when the reaction agent is flowed into the cell after 
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the electron microscope fully aligned and ready for imaging. There are experimental setups with more 

than one liquid inlet that allows flowing mixture of two solutions simultaneously or at different time into 

the cell, and thus being more beneficial in studying complex dynamics when there are more than two 

reaction agents involved.  

 Further, advanced designs of MEMS microchips are becoming available that external stimuli can be 

applied to sample region including biasing and heating. These are achieved by carefully designing the 

microchips with electrodes. Experiments involving electrochemical reactions and high-temperature liquid 

reactions are possible to be studied by these setups.[23, 24] The in situ MEMS-based liquid TEM is 

therefore becoming widely applicable for various fields related to materials synthesis, nanomaterials self-

assembly, life sciences, electronic devices, energy storage materials including batteries and fuel cells, and 

so forth.[21]  

 

1.1.2 Graphene liquid cell TEM 

Although the MEMS-based liquid cell TEM technique are under fast development, it exist short comes 

including reduced spatial resolution due to electron scattering on SiN membrane, reduced signal-to-noise 

ratio (SNR) for analytical EDS and EELS, complexity of assembling the in situ holder, and requirement 

of using holder with specialized design in specimen region. To address these, a raising method that 

utilizing graphene layer to replace SiN membrane are attracting attentions. This is achievable due to the 

special properties of graphene that include high stability, high strength, ease of fabricating single or few 

layer, and more importantly, the high conductivity and low atomic number.[25] Figure 1-1b shows the 
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schematic of GLC setup. The capillary force between liquid and graphene perfectly sealed the top and 

bottom graphene layers. Therefore, graphene is an ideal alternation for SiN membrane and can provide 

better spatial resolution for HRTEM and analytical EDS/EELS.[26] The liquid cell pocket size, ranging 

from nanometer to micrometer diameter, is determined by the properties and fabrication process of 

graphene layers, and can be tuned to accommodate different specimen dimensions.[21] In addition, GLC 

benefits from the lack of requiring special designed specimen holder such that it is easier to be applied in 

wider range of microscopes.[27] Recently, studies utilizing GLC have reported focus on specimen 

including bacteria, cells, nanoparticles, biomaterials, polymers, and so forth.[26]  

 

1.2 Applications of in situ liquid phase TEM 

1.2.1 Materials synthesis and self-assembly 

Understanding how materials behave during synthesis process is crucial for development of novel 

materials structures with ideal chemical composition. The in situ liquid-phase TEM is powerful tool for 

the observation of materials behaviors in liquid environment during synthesis. This includes crystallization, 

nucleation, growth, self-assembly, dissolution, polymerization, corrosion, etching, and so forth.   

 The nucleation and growth mechanism of materials in liquid is a field with plenty of theories but little 

experimental studies due to the lack of instrument providing high spatial and temporal resolution. This 

issue is being overcame benefiting from the development of in situ liquid cell TEM with nanoscale and 

millisecond temporal resolution. Back to 2009, the study utilizing liquid cell TEM to directly observe the 

colloidal Pt nanocrystals growth in liquid[28] established a general protocol for liquid-phase TEM, and 
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prove that sub-nanometer resolution imaging is achievable in the liquid. Later on, many new studies 

performed, pushing the frontier of liquid cell TEM for a wide range of materials including monometallic 

nanoparticles, bimetallic core-shell structures, nanowires, nanocubes, nanoplates, ceramics, biomaterials, 

metal organic frameworks (MOFs), perovskite nanoparticles, and so forth. For example, PbS nanoparticle 

growth from precursor was directly captured in a multi-component solution by liquid cell TEM.[10] It 

was shown that electron beam could serve as external stimuli to trigger the nucleation and growth process. 

Later, it was found that electron beam could control the nucleation and growth processes of Ag 

nanoparticles (Figure 1-2I), where lower beam currents (7 pA) allow reaction limited growth while higher 

beam currents (40 pA) yield diffusion limited growth, resulting in different nanocrystal morphology.[6] 

Thus, the nucleation and growth processes have been widely studies utilizing this electron beam triggered 

self-assembly technique. For instance, growth of Pd in aqueous Pd salt solutions containing Au seeds were 

captured by liquid cell TEM, resulting in formation of Au-Pd core-shell nanostructures.[29] The 

deposition of Pd was found to be a reduction process by electron beam generated radicals such as hydrated 

electrons in solution. The growth process was further shown to be limited by the diffusion of hydrated 

electrons. Similarly, another study focused on growth of dendritic gold nanowires from gold seed in 

aqueous solution showed the growth process is limited by diffusion,[8] as shown in Figure 1-2III. In 

addition, the growth of Pt nanoseed were observed in liquid TEM with different growth rate on different 

facets, resulting in the formation of Pt nanocubes (Figure 1-2II).[13] As such, different morphology of 

nanostructures with one or more principle elements can be grown in liquid through the careful control of 

electron beam conditions. This aspect has been further demonstrated by several studies, such as the 
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nucleation and growth of Au on Pt icosahedral nanoparticles[30] in Figure 1-2IV and dissolution of Pt 

nanoparticles during oxidative etching in HAuCl4 solution.[17] 

It should be noted that the in situ liquid TEM technique is not limited to crystalline materials and high 

atomic number elements. It has been successfully applied to biominerals, polymers and organic 

macromolecular materials. CaCO3 nucleation and growth processes in a biomimetic matrix solution were 

captured inside liquid cell, and the formation of metastable amorphous calcium carbonate was controlled 

by calcium ions binding.[12] In the example of metal-organic frameworks (MOFs), the nucleation and 

growth dynamics of zeolitic imidazolate framework-8 (ZIF-8) MOFs were observed to be limited by local 

depletion of monomers in solution at surface.[7] The nucleation, growth and aggregation of hybrid 

CH3NH3PbI3 perovskite nanoparticles were captured by electron beam evaporation method (Figure 1-2V), 

and reveals complex dynamic behavior that does not follow classical Lifshitz-Slyozov-Wagner (LSW) 

growth theory.[31] The biological sample, for example ferritin, can be encapsulated by GLC[32, 33] to 

enable the observation in liquid phase with nanometer spatial resolution by tuning the electron beam 

conditions.  
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Figure 1-2. (I) The electron beam induced reduction of Ag ions and the electron beam current influenced 

growth mechanisms on Ag nanocrystals. Reprinted with permission from [6]. Copyright (2012) American 

Chemical Society. (II) TEM images and simulated TEM images showing the Pt nanocrystal growth 

process in liquid. [13] Copyright © 2014, American Association for the Advancement of Science. (III) (a) 

Gold seed in dry state. (b-c) Dendrites growth of gold in precursor solution. (d-f) TEM images at different 

times recorded after c showing the growth directions. Reprinted with permission from [8]. Copyright 

(2013) American Chemical Society. (IV) Pt@Au nanoparticle shape evolution in HAuCl4 flow and citric 

acid solution (a-c) and without the flow (d-f). Schematic shape evolution is shown in g. Reprinted with 

permission from [30]. Copyright (2015) American Chemical Society. (V) CH3NH3PbI3 precipitation 

process under electron beam evaporation. Reprinted with permission from [31]. Copyright (2016) 

American Chemical Society. 
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Overall, in situ liquid-phase TEM enables the studies that provide deep understanding on nanocrystal 

nucleation and growth mechanism and shed light on the design of materials synthesis methodologies. 

 

1.2.2 Energy related materials 

Benefiting from the specialized design of MEMS microchip with built-on electrodes, electrochemical 

reactions are possible to be triggered inside the liquid cell, allowing direct observation of complex 

electrochemical behaviors at interfaces, and provide high spatial resolution for studies of energy related 

materials including batteries, fuel cells, electrocatalysis, and so forth.  

 A major research effort has been put into fundamental understanding of battery behaviors during 

charge and discharge processes. Using three electrodes configuration involving working, counter and 

reference electrodes on MEMS microchip, the liquid cell can be assembled with electrode materials such 

as LiCoO2, LiFePO4, Li metal, and with organic electrolytes similar to working conditions in lithium-ion 

batteries. The liquid cell TEM holder can be connected to potentiostats, allowing the control of 

electrochemical reactions in potentiostatic and galvanostatic modes. Plenty of phenomena can be observed 

directly including formation of solid electrolyte interface (SEI) layer at electrode-electrolyte interface, Li 

dendrite growth in the electrolyte, electrochemical lithiation processes on electrodes, and degradation of 

commercialized electrolytes. For instance, lithiation and delithiation processes of Si nanowire electrodes 

were captured in real time in electrolytes inside the liquid cell TEM (Figure 1-3I).[34] It was found that 

single nanowire displays core-shell mechanism under lithium insertion, with increased in total diameter 
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of the wire along the axial direction.  

 Beyond metal-ion batteries, liquid-phase TEM is also powerful in exploring other energy related 

materials like lithium-air system and fuel cell that involves electrochemical catalytic reactions. For 

example, the oxygen reduction reaction (ORR) in fuel cell cycling induced degradation of Pt-Ni alloy was 

monitored in real-time.[35] As shown in Figure 1-3II, the nanocatalysts’ structural dynamics were 

captured involving migration and coalescence, dissolution and redeposition and these help to address the 

complex unknown process happened on catalysts during fuel cell electrochemical cycling. In another study, 

the charge and discharge processes of a Li-O2 battery have been directly observed at nanoscale resolution 

(Figure 1-3III).[36] The nucleation and growth of Li2O2 were identified to be ion-diffusion limited 

reactions on both electrode-electrolyte interface and electrolyte environment. During OER catalytic 

reaction on Co3O4 nanoparticles, cyclic voltammetry and chronopotentiometry were performed in 

standard electrochemistry conditions by liquid cell TEM.[37] Chemical and structural evolutions during 

OER in various aqueous electrolytes were analyzed and surface amorphization on Co3O4 nanoparticles 

were observed. Moreover, it is interesting that HER at solid-solution interface is also possible to be 

explored by liquid cell TEM. A study using UV light fiber introduced into microscope analyzed the 

photocatalytic behavior of TiO2 nanoparticles in water.[38] As shown in Figure 1-3IV, he surface 

hydrogenated shell formed across TiO2 nanoparticles at initial H2 formation stage is shown to be the reason 

that promotes hydrogen evolution reaction (HER).  
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Figure 1-3. (I) Schematic illustration of the electrochemical liquid cell setup to study the Si nanowire 

lithiation/delithiation. Reprinted with permission from [34]. Copyright (2013) American Chemical Society. 

(II) (a) Potential cycling profile of Pt-Ni alloy. (b-g) Disappearance of Ni-rich particle during cycling. (h) 

Intensity profile of the Ni-rich particle in b-g. (i) Dissolution rate corresponding to h.[35] Published by 

The Royal Society of Chemistry. (III) STEM images showing growth of Li2O2 on current collector (a) 

and in electrolyte (b). (c-d) Growth kinetics corresponding to a and b. [36]© 2018 Elsevier Ltd. All rights 

reserved. (IV) TEM images showing the TiO2 NPs under UV exposure at different times, suggesting the 

formation of surface shell over the NPs. [38]Copyright © 2018, Springer Nature. 
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Besides MEMS-based liquid cell TEM, GLC is also well established technique for study of energy related 

materials. For example, liquid electrolyte was sandwiched between graphene layers and Si NPs immersed 

in the liquid. The electron beam was used to trigger the chemical lithiation of Si NPs and the whole process 

was captured with high spatial resolution. It was found the lithiation can take place preferentially at certain 

crystal orientations, and isotropic diffusion of Li ions can happen at inner regions of the Si NPs.  

 

1.3 Introduction of in situ gas phase TEM 

TEM is a power tool to study materials structure and chemical composition with down to sub-angstrom 

spatial resolution. Since the TEM principle relies on the interactions of accelerated electrons with 

specimen that resulted in various types of scattering, the conventional TEM techniques require 

maintaining high vacuum in the electron beam chamber and the specimen region. Specimens have to be 

firstly thin to a certain level for allowance of electron transmission, fixed on a support usually a holy TEM 

grid, and then keep in vacuum condition during TEM analyses. Recently, the developments in material 

science and engineering are calling for advanced TEM characterization techniques involving methods that 

allow study of materials under complex conditions other than vacuum. Till now, there are several in situ 

TEM techniques under fast development involving liquid-phase TEM that allow specimen to immerse in 

solution, and gas-phase TEM that allow specimen to expose to gases molecules. The first technique has 

been discussed in previous chapter. Here, in situ gas-phase TEM will be focused.  

 Study materials that exposed to ambient gas environment under TEM is a long-term research goal 

back to as early as 1968, few decades after the invention of TEM. A gas reaction specimen chamber with 
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high temperature capability reaching 1000 °C was constructed inside the TEM electron beam pathway, 

allowing the specimen exposed to gas layer at pressure of 300 Torr.[39] This was believed to be the first 

successful incorporation of differential pumping system into TEM to achieve the imaging of specimen in 

gas environment. This technique has been under fast development after the commercialization of so-called 

environmental TEM (ETEM) in 2008,[40] combining with the advanced field emission electron source, 

opens the ability to study solid-gas reactions at atomic level. The schematic of ETEM is shown in Figure 

1-4a. Benefiting from this design, the gas introduced to the TEM specimen region can be variating from 

inert gas to O2, H2, CO2, CO and so forth. The further developments utilizing special designed TEM holder 

with closed cell set up similar to MEMS-based liquid cell TEM are communalized by several companies, 

with additional capabilities including added heating and biasing on the studied specimens (Figure 

1-4b).[41] The pressure at the specimen region can reach 1 atm or even more in this closed cell setup,[42] 

and different gas mixture can be preset and loaded into the specimen chamber with controllable speed.[43] 

Since the electron scattering on gas molecules is significant less than on liquid, spatial the resolution 

degradation because of gas is much reduced.[42] Recently reports have successfully observed single atom 

even using the MEMS-based gas-cell TEM technique.[44] Combined with direct detection camera that 

allows fast imaging speed, the gas-phase TEM is an ideal technique for very high spatial and temporal 

resolution studies on material dynamics in application of catalysis, corrosion, fuel cell, oxidation and 

reduction, and so forth.  
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Figure 1-4. (a) Schematic of environmental TEM showing the electron microscope chamber modified by 

differential pumping systems. (b) Schematic of MEMS-based gas cell device focusing on the specimen 

region from a special designed TEM holder.   

 

1.3.1 Environmental TEM (ETEM) 

ETEM is a basic technique proposed soon after the invention of TEM, with the idea that isolate the 

specimen chamber to let the sample expose to external environment but maintain the high vacuum in the 

other regions of electron beam path. As shown in Figure 1-4a, pressure limiting apertures are installed 

inside the microscope chamber to separate the column into different pressure regions, and confine the gas 

flow between each regions. Differential pumping systems are then installed between each isolated region 

to provide high pressure in the specimen region but limit the pressure at a much lower level in other 

electron beam path regions.[45] Therefore, any gas escape from the pressure limiting apertures will be 

pumped out by the differential pumping systems in a circulated manner. These pumping systems are 
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further mechanically modified in order to reduce vibrations that can influence TEM imaging. In the recent 

developed ETEM, pressure in specimen region can reach around 13 mbar while the other region in electron 

beam chamber can maintain 10-8 mbar (10-6 Pa) that maintain a minimum electron scattering on the gas 

molecules.[40] The design of ETEM allows the use of in situ TEM holders such as heating, biasing, 

cooling with either conventional TEM grid or MEMS device as sample support, thus provide more 

capabilities for studying material dynamics in complex environments.[45]  

 

1.3.2 In situ Gas cell TEM 

Similar to MEMS-based liquid cell TEM, the liquid isolated between two microchips can be replaced by 

gas, allowing the specimen to be exposed in gas environment. Figure 1-4b shows the schematic of MEMS-

based gas cell TEM device focusing on the specimen region. Compare to ETEM, this design is beneficial 

for studies that require the gas environment to be at one atmosphere,[42] and is easy to accommodate with 

conventional TEMs without the need to mechanically modify the electron beam column. Gases can be 

flowed into the cell using gas inlets, while at the same time the reaction gas products can be collected at 

the outlet and perform further analyses. In addition, there is capability to mix more than one type of gas 

before flowing into the cell, and thus opens the possibility to study materials dynamics under complex gas 

compositions.[43] The distance between two microchips can range from tens of nm to few microns, as the 

multiple electron scattering when passing through the gas layer is significantly less than liquid layer.[42] 

Therefore, atomic resolution HRTEM and STEM imaging can be achieved in gas cell TEM experiments. 

The temporal resolution is again determined by imaging techniques involving parameters such as camera 
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speed in TEM and scanning dwell time and frame time in STEM. Currently, major commercialized 

MEMS-based gas cell TEM techniques include companies (by alphabet order) DENSsolutions, 

Hummingbird Scientific and Protochips. In addition, there are microchip designs that allow adding heat 

or bias to the sample region to achieve real time control of local temperature ranging from RT to more 

than 1000 °C,[40] or performing electrochemical tests on sample exposing to gas environment. Benefiting 

from the MEMS devices, thermal drift during temperature rise are significantly reduced compared to 

furnace based heating holder, allowing easier real-time imaging and analytical tests.[42] As such, in situ 

gas TEM is becoming a powerful tool to study wide range of catalysis and structural materials and their 

properties including thermal, corrosion and oxidation behaviors happens on solid-gas interfaces.  

 

1.4 Applications of in situ gas phase TEM 

1.4.1 Catalysis 

Various of solid-gas reactions triggered by catalysts serve as key process for manufacturing products, so 

the in depth understanding of catalysis reactions is beneficial for not only industrial applications but also 

daily life. The ability of flowing gases into the TEM chamber while adding external stimuli like heating 

and biasing makes in situ gas cell TEM an ideal tool for study of catalysis reactions. From monometallic 

and bimetallic to alloy catalysts, nanoparticle to single-atom morphology, the in situ gas cell TEM can be 

utilized to analyze the structural and compositional evolutions in conditions that reflect the catalysts actual 

service environments, with sub-angstrom spatial resolution and ultra-fast temporal resolutions. This 

information extended the knowledge of catalysts’ as-synthesized properties to the catalysts’ behaviors 
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under their working reaction processes and is crucial for further developments of advanced catalysts with 

desirable properties.  

 A major topic in catalysis development is the synthesis process. It is well known that the catalysts’ 

morphology including shape of nanostructure, size, and orientation relationship regarding to the support 

are essential for the activity and selectivity. Therefore, understanding how the synthesis processes can be 

tuned for a better control of catalyst’s morphology acts as a key to improve the catalysis performance. 

Utilizing the ETEM with in situ MEMS-based heating holder, transformation of noble metal NPs to single 

atoms in Ar gas was successfully captured, as shown in Figure 1-5I.[46] It is worth to note that particle 

sintering involving aggregation and coalescence is a thermodynamically favorable phenomenon during 

catalyst synthesis, by which a desired size and shape can be obtained. However, this work shows that when 

temperature is above 900 °C, the atomization process dominates and overcomes the sintering process, 

leading to the formation of single-atom dispersion of noble metals on the carbon support. It is expected 

that bonding between Pd and N in carbon support are stronger than the metal Pd-Pd bonding, and thus 

provide the atomization driving force. In lower temperatures below 900 °C, the sintering process is 

dominate and particle migration and coalescence are observed. This work shows the temperature can be 

an essential factor that control the catalysts synthesis process, leading to different morphologies.  
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Figure 1-5. (I) In situ ETEM image series of Pd NPs in Ar gas at different temperatures. The scale bars 

are 50 nm. [46]Copyright © 2018, Springer Nature (II) HRTEM images and corresponding FFTs of PdCu 

NPs in atmospheric pressure H2 at 600 K. [47]© 2016 WILEY-VCH Verlag GmbH & Co. KGaA, 

Weinheim (III) (a) Schematic of ETEM setup to study AuCu NPs supported by CeO2 in CO and O2 gases. 

(b) HRTEM of an AuCu NP with corresponding FFTs. (c-e) HRTEM, simulated HRTEM and schematic 

of surface reconstruction during CO oxidation. (f) HRTEM image series of the interaction between 

dynamic atom clusters with AuCu edge sites. Reprinted with permission from [48]. Copyright (2020) 

American Chemical Society. (IV) In situ ETEM image series showing the sintering of Au NPs supported 

by TiO2 in 0.05 Pa O2 at 700 °C. Solid and dashed circles marked the NPs underwent PMC and OR, 

respectively. [49]© 2020 Elsevier Inc. All rights reserved. 
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The catalytic dynamics under reaction conditions is another major aspect that in situ gas TEM can be a 

powerful tool to investigate. When a catalytic reaction happens, the chemical dissociation of gas molecules 

followed by the adsorption of gas atoms on catalyst surface can alter the shape, size and overall 

morphology of the catalyst itself. When a catalytic cycle ends, the desorption of gas produce from catalyst 

surface can change the morphology to its original status. With the help of in situ gas TEM technique, the 

catalysts morphology evolution induced by gases can be resolved in real time with atomic resolution to 

gain advanced understanding of reaction kinetics and mechanisms during a catalytic cycle. In addition, 

combing the analytical capability of EDS and EELS, compositional evolution is also possible to be 

analyzed in a straight-forward manner. For instance, Figure 1-5II shows the PdCu NPs surface 

reconstruction under atmospheric pressure H2 at 600 K.[47] From the HRTEM images, it can be seen that 

the PdCu NPs are spherical initially and gradually developed the facets from {001} and {011} with 

rotation, resulted in a truncated cube. This phenomenon is further confirmed by the FFT patterns. DFT 

calculations show that H2 can improve the stability of (001) facets in PdCu NPs and this is the reason that 

surface reconstruction was observed that lead to {001} facets dominated truncated cube structure. In 

another study, dynamic atom clusters were observed to form on AuCu NPs surface during catalytic CO 

oxidation.[48] As shown in Figure 1-5IIIa-b, ETEM was utilized to capture the dynamic structural 

evolutions and the HRTEM in Figure 1-5IIIc clearly demonstrates the formation of dynamic atom cluster 

on the (010) surface of AuCu NP. These clusters are generated from the metal atoms free by gas molecules 

and are highly mobile to react with edge sites on NPs surface (Figure 1-5IIIf).  
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 Moreover, the durability of catalysts is important factor to evaluate the practical application abilities. 

For most of the catalytic reactions, complex service conditions involving high temperature and exposure 

to strong oxidizing/reducing environments. In situ gas TEM can be an ideal tool to monitor and analysis 

the catalyst durability in very similar environments compared to the actual service conditions, by allowing 

the exposure of catalysts to atmospheric gases in elevated temperatures. One of the major catalysis 

degradation mechanisms, sintering, can be directly captured and analyzed. It is well known that Ostwald 

ripening and particle migration and coalescence are two main mechanism that guided the particle 

sintering,[50] where the first involves migration of atom species from smaller NPs to larger NPs, resulting 

in the loss of small NP but growth of larger NP, and the second mechanism yield migration of whole NPs 

that finally coalescence into one. In a study of sintering behavior of Au NPs supported by TiO2 in O2 gas 

at 700 °C (Figure 1-5IV), both PMC and OR mechanisms were observed in a same sample region, and 

similar sintering behavior were identified in O2 and CO mixed atmosphere. However, the CO gas can 

inhibit the sintering process because the gas induced surface modification on TiO2 support suppress the 

movement of Au NPs. 

 

1.4.2 Oxidation and reduction  

Oxidation and reduction are key reactions involved in wide range of chemical processes such as corrosion, 

catalytic, chemical manufacturing, and environmental protection. For example, the oxidation induced 

corrosion on materials are one of the major causes of materials degradation during service. Development 

of corrosion resistance materials as well as the methods to recover from corrosion is attracting significant 
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attentions. Benefiting from the capability of exposing specimen to gas environment, in situ gas TEM can 

provide advance knowledge in the oxidizing and reducing process. Figure 1-6I shows HRTEM image 

series of Pd NPs surface oxidation in low pressure oxygen induced by electron beam irradiation in room 

temperature.[51] Based on the analyses on HRTEM and corresponding FFTs, the oxidation was identified 

to be initiated at step edges of Pd (111) facets and gradually growth into oxide island. The PdO island is 

not observed to growth on other facets. Therefore, a preferential growth of PdO on {111} Pd surface was 

concluded. In another study, the oxidation and reduction processes of PtNi rhombic dodecahedron NPs 

were captured at 400 °C in O2 and H2 environments.[43] The morphology and compositional evolutions 

are shown in Figure 1-6IIa-b and c, as formation of NiO shell in oxidation and strong segregation of Pt 

during reduction were observed. Further, the interface between metal and oxide were analyzed in detail 

for Cu2O/Cu, in reducing environment of H2 at 350 °C.[52] As shown in Figure 1-6III, HRTEM images 

focusing at the interface suggest that formation and migration of step edge guides the reduction of process. 

Moreover, for NiFe alloy NPs oxidation, the morphology and chemical composition evolutions were 

monitored simultaneously in real-time.[53] Figure 1-6IV shows during the NiFe alloy NPs oxidation in 

air, Kirkendall voids were formed at metal/oxide interfaces and segregation of Ni and Fe were identified, 

forming a core-shell structure. The cavity structures are different in terms of pinholes in the alloy NPs, 

leading to different oxygen penetration abilities and thus different morphology after oxidation. 
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Figure 1-6. (I) In situ HRETEM image series of Pd NPs oxidized by electron beam irradiation. The scale 

bars are 2 nm. [51]Published by The Royal Society of Chemistry. (II) (a-b) In situ TEM images showing 

the PtNi rhombic dodecahedron NPs structural evolution in oxidizing and reducing environments at 

400 °C. (c) EDS mappings and line scans across an PtNi NP before and after oxidation/reduction. [43]© 

2019 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim (III) (a-c) HRTEM images showing the 

transformation from Cu2O to Cu at 350 °C in H2. (d) Evolution of the interface location between Cu2O 

and Cu. (e-g) Evolution of interface step edges between Cu2O and Cu.[52] Copyright © 2017, Springer 

Nature (IV) In situ observation of morphology and compositional changes during NiFe oxidation. (a) 

STEM image series showing the oxidation resulted in formation of porous structure. (b) EELS mapping 

of Fe, Ni, and O during oxidation. (c) Formation of dual-cavity structure in a NiFe NP. Reprinted with 



23 

 

permission from [53]. Copyright (2018) American Chemical Society. 

 

1.5 Electron beam effects during in situ TEM  

TEM principles utilize electron beam interactions with specimen for imaging and analytical procedures, 

so it is crucial to understanding the electron beam effects and be aware of the possible influence on the 

obtained results. This is essentially important for in situ TEM experiments that involve electron 

interactions with liquids or gases, resulting in complex side effects and may alter the observations. 

Generally, electron beam effects can be sort into three categories: radiolysis, knock-on and heating effects, 

as shown in Figure 1-7. The first two are disruptive processes such that crystalline materials may develop 

defects or even transfer from crystals to amorphous structures. These effects will be discussed individually 

and the influences for in situ TEM experiments will be summarized. In general, electron beam effects can 

depend on the nature of the materials, thickness and/or orientation of the specimens, temperatures, vacuum 

conditions and imaging parameters including electron beam energy and electron dose.[54]  

In addition, special resolution can be affected because of electron beam effects. For a specific specimen, 

the resolution of lattice 𝑑𝑠 is determined by the Rose equation: 

𝑑𝑠 = √𝑑𝑖
2 +

(
𝑆
𝑁)2

𝐶2𝐷
 

where 𝑑𝑖 is the resolution of instrument, S/N is the signal-to-noise-ratio (SNR), D is the electron dose 

and C is the image contrast. As such, the special resolution is not only correlated to the theorical resolution 

of electron microscopes, but also depending on SNR, electron dose and the contrast after considering the 
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electron beam effects.  

 

Figure 1-7. Schematic of electron beam effects during TEM experiments. (a) Crystalline specimen before 

electron beam irradiation. (b) Radiolysis damage on the specimen introducing the bond breakage. (c) 

Knock-on damage on the specimen introducing the displacement of surface atoms, generating vacancies. 

(d) Electron beam induced heating effect on the specimen resulting in the temperature raise. 

 

1.5.1 Radiolysis or ionization 

Radiolysis damage, also called ionization damage, is an electron beam effect when the inelastic scattering 

damage the chemical bonds of the specimens.[55] The schematic process is shown in Figure 1-7b. This is 

specially more severe on insulting or semiconductor materials than conducting materials. For conducting 
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materials, the inelastic scattering happens on conduction bands can be easily refilled by valance band 

electrons, however in the insulting or semiconducting materials this electron transfer is difficult.[55] Thus, 

a permanent loss to the conduction band electrons caused by electron beam will result in breaking of 

chemical bonds in the specimen. It is worth noting that this does not means conducting materials will not 

suffer from radiolysis damage, but the influence on chemical bond breaking or structural change will be 

much less significant compared to other electron beam effects such as knock-on effect that will be 

discussed in the next section. For instance, graphene is a material with very good conductivity, so it is 

much less suffered from radiolysis damage. However, graphene can be easily damaged by knock-on effect 

because of the displacement of carbon atoms at the surface. For organic or biological materials, the 

radiolysis effect is usually the dominate damage mechanism since the chemical bonds are more easily to 

be break compared to crystalline materials.[55]  

 

1.5.2 Knock-on Damage 

Knock-on damage is a displacement effect when electron beam bombarded on materials surfaces.[55] As 

shown in Figure 1-7c, The atoms close to surface can be displaced from materials surface if the maximum 

transferred energy Etrans caused by electron beam interactions exceeds displacement energy Ed, leaving 

vacancies on the materials surface. The maximum transferred energy is given by the equation as[56] 

𝐸𝑡𝑟𝑎𝑛𝑠 =
𝐸𝑏𝑒𝑎𝑚(𝐸𝑏𝑒𝑎𝑚 + 2𝑚𝑒𝑐2)

𝐸𝑏𝑒𝑎𝑚 +
1
2 𝑀𝑐2 (1 +

𝑚𝑒

𝑀 )
2   

where Ebeam is the incident electron beam energy based on the TEM or STEM instruments; me is the 
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electron rest mass, M is the corresponding atomic mass, and c is the light speed. For each specimen or 

compound, the threshold displacement energy Ed for a specific element is depend on the physical and 

chemical properties such as bonding, atomic number, and crystal structures that can be determined by 

experiments, however, this threshold energy can vary in different compounds for the same element. 

Oppose to the radiolysis damage, the knock-on damage increases with increasing incident electron beam 

energy because the maximum transferred energy is proportional to the electron beam energy.[54] In order 

to reduce the knock-on effect, one can consider lowering the electron beam energy, for example decreasing 

from 200 keV to 80 keV, such that the maximum energy transferred to the materials can be lower than the 

threshold energy. The alternative way to minimum knock-on damage is to decrease the electron dose rate 

during image acquisition. Figure 1-8 shows the relationship between incident electron beam energy and 

maximum transferred energy for Mo and S in MoS2 and pristine gold based on equation (1). The dashed 

horizontal line indicates the corresponding threshold displacement energy for each element. It can be seen 

that under 200 keV electron beam energy condition Mo and Au are free of knock-on damage, while S in 

MoS2 will has knock-on effect because the maximum transferred energy to S atoms can be ~16 eV which 

is far above the threshold displacement energy (7 eV). Therefore, one can expect the formation of S 

vacancies on MoS2 surface due to knock-on damage. To avoid this, a good practice is lower the electron 

beam energy to less than 90 keV, or using a lower dose rate during the image acquisition.  
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Figure 1-8. Relationship between incident electron beam energy (keV) and maximum transferred energy 

(eV) for sulfur (pink), molybdenum (blue) from MoS2 and pristine gold (yellow). Dashed lines show the 

threshold displacement energy (Ed) for corresponding elements. Shadow areas show the range of incident 

electron beam energy that will keep the corresponding elements free of displacement. Reproduced from 

[1] with permission from The Royal Society of Chemistry. 

 

1.5.3 Heating effect 

Due to the high energy of incident electron beam, heat may generate during the interactions with specimen. 

This effect is illustrated in Figure 1-7d. In TEM, the temperature rise due to electron beam can be 

calculated by:[55] 
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∆𝑇 ≈
< 𝐸 > (

2𝑅0

𝑑
)

4𝜋𝑘𝜆𝑖

 

where < 𝐸 > is the mean energy loss due to inelastic scattering, 𝑘 is the thermal conductivity, 𝜆𝑖 is 

the inelastic mean free path of transmitted electrons, 𝑑 is the diameter of electron probe, 𝑅0 is the radial 

distance that heat is conducted on. Based on this equation, a small electron probe condition will generate 

only tiny temperature change on the specimen. For example, the temperature rise changes from 0.05 K to 

0.15 K when the electron probe diameter change from 1 μm to 1 nm for carbon on TEM grid under 200 

keV condition.[55] If the beam current becomes larger, the heating effect can be more notable especially 

for polymers and organic materials.  

 

1.5.4 Electron beam effects in liquid-phase TEM 

Radiolysis in liquid 

The electron beam influences on liquid-phase TEM is essential because beside the above discussed effects, 

there are additional factors that can introduce extra phenomena. One of the key process is the electron 

beam interaction with the liquid layer surround the specimen. It is known that electron beam irradiation 

generates radiolysis on most of the liquids, even water, by forming plenty of active radicals. Water 

molecules can be decomposed into solvated electrons e𝑎𝑞
− , hydrogen radical 𝐻•, hydroxyl radical O𝐻•, 

hydrogen 𝐻2 and oxygen O2 gases, hydrogen peroxide H2O2, hydroxide O𝐻−, and H3O
+. Among them, 

e𝑎𝑞
−  and 𝐻• are strong reducing agents while O𝐻•, H2O2 are strong oxidizing species. Therefore, the 

competition between generation of oxidizing and reducing species in aqueous solution will lead to 
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variation of behaviors of specimen including nucleation and growth, dissolution and etching. Although 

several parameters can influence the concentration of each species in the solution (liquid thickness, dose 

rate, irradiation area), the dose rate is determined to be the key factor that control the concentration. Figure 

1-9a shows that increase of electron beam dose rate results in a change of ratio between solvated electrons 

and hydroxyl radicals, and thus can alter the crystal etching and growth processes. A stable state can be 

achieved by controlling the dose rate to a certain value such that oxidizing and reducing environments are 

balanced to maintain a neutral state. In addition, the generation of different species various in speed within 

a constant dose rate until they reach equilibrium in the solution. Figure 1-9b shows the concentration of 

radiation species as a function of time in water, and it can be concluded that most of the species 

increase/decrease in concentration gradually until the equilibrium is reached. Further, increasing or 

decreasing the electron beam dose rate, as shown in Figure 1-9c, can alter the steady-state concentration 

of radiation species. A general trend can be obtained that almost all species generated from electron beam 

irradiation display an increasing in concentration at higher dose rates. Since the variation between 

oxidizing and reducing environment can be tuned by controlling the electron beam dose rate, the in situ 

liquid-phase TEM can act as a reactor to create, write, and even erase nanostructures.[57, 58] Finally, 

since ionic species such as H3O
+ can be generated in the aqueous solution, the pH value will be influenced 

as a function of dose rate. This trend is illustrated in Figure 1-9d for water with initial pH as neutral. It can 

be seen that a lower dose rate yield less change in the pH value, however as the dose rate increases the pH 

can shift to lower value as small as close to 3, creating a significant acid environment. This change can 

alter the reaction processes including nucleation, growth, dissolution and etching as well as induce extra 
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impact on the materials morphology. Therefore, careful considerations on the electron beam radiation 

effects on liquids and control experiments are necessary. 

 

 

Figure 1-9. (a) Influence of electron beam dose rate on crystal etching and growth in aqueous solution. 

(b) Concentration of radiation species in water as a function of time. (c) Steady-state concentration of 

radiation species in water as a function of dose rate. (d) Steady-state pH values in water as a function of 

dose rate. Reprinted with permission from [59]. Copyright (2014) American Chemical Society. 

 

Effect of Liquid Thickness 

The liquid thickness inside the SiN window or graphene layer can significantly affect the imaging spatial 

resolution. This is due to the multiple scattering of incident electron beam with the liquid layer that 

produces background in the formed images.[21] Figure 1-10 a and b shows the spatial resolution in STEM 
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and TEM as a function of liquid layer thickness for imaging of Au and carbon, respectively.[60] It can be 

seen that for liquid thickness less than 100 nm, STEM can provide better spatial resolution (less than 1 

nm) compared to TEM imaging technique. However, as liquid becomes thicker the resolution degradation 

gets severe with more than 5 nm for 1 μm thick liquid in STEM mode. In addition, nature of specimen 

can affect the spatial resolution such as carbon shown in panel b that the value cannot achieve below 1 nm 

for both TEM and STEM mode in the thinnest liquid layer range (10 nm). Panel c and d show the spatial 

resolution degradation as a function of liquid thickness when considering the effect of SiN membrane in 

dark field and bright field imaging conditions. It can be seen that SiN membrane induce more resolution 

degradation especially for dark field STEM imaging, resulting a 0.5 nm decrease for Au and 5 nm decrease 

for carbon in a 10 nm thick liquid layer. This effect is less for bright field STEM with degradation of 0.1 

nm for Au and 3 nm for carbon. Therefore, thinner liquid thickness is desirable if the imaging resolution 

is an essential factor for in situ liquid-phase experiments both in TEM and STEM mode, however the 

liquid layer cannot be thinner than the thickness of specimen that sandwiched between SiN windows or 

graphene layers. It may also necessary to consider the effects of very thin liquid layer, for example the 

confined space effect that the reaction pathways are anisotropic compare to thicker liquid layer, therefore 

the kinetics of observed phenomena may not reflect the actual application conditions. 
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Figure 1-10. (a-b) Spatial resolution as a function of liquid thickness for Au and C. (c-d) Spatial resolution 

as a function of liquid thickness considering the effect of SiN membrane. [60]© 2018 Elsevier B.V. All 

rights reserved. 

 

In another aspect, the SiN window bulging effects can be a factor that indirectly influence the imaging. 

This is because of the huge pressure different between the liquid cell and outer vacuum chamber. Bulging 

increase the liquid layer thickness and therefore can influence the concentration of radiation species in 
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solution and image resolution. To quantitively characterize the window bulging effect, low-loss EELS 

were utilized to calculate the liquid layer thickness as a function of distance to the SiN window edge. To 

do so, inelastic mean free path was determined from the low-loss EELS results based on the equation:[61] 

𝑡

𝜆
= 𝑙𝑛 (

𝐼𝑡𝑜𝑡

𝐼𝑜
)   

where t is the sample thickness, 𝜆 is the inelastic mean free path,  𝐼𝑡𝑜𝑡 and 𝐼𝑜 are total spectrum and 

zero-loss peak integral. This value can be easily determined from the Digital Micrograph software. Then, 

the 𝜆 is approximated by the equation:[61] 

𝜆 =
106𝐹𝐸0

𝐸𝑀 ln (
2𝛽𝐸0

𝐸𝑀
)

 
 

where E0 is acceleration voltage, F is the relativistic factor at a certain electron beam energy, 𝛽 is the 

EELS collection semi-angle, and 𝐸𝑀 is the factor related to effective atomic number (Zeff) given by: 

𝐸𝑀 = 7.6𝑍𝑒𝑓𝑓
0.36   

𝑍𝑒𝑓𝑓 =
∑ 𝑓𝑛𝑍𝑛

1.3

∑ 𝑓𝑛𝑍𝑛
0.3   

where fn is atomic fraction of element and Zn is atomic number of the element. Figure 1-11a shows the 

low-loss EELS obtained from different distances related to SiN window edge, and panel b shows the 

correlated liquid layer thickness. It can be seen that the window bulging effect lead to the increase of liquid 

thickness from 500 nm at the window edge to close to 1 μm at a distance of 4 μm from window edge.  
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Figure 1-11. (a) EELS collected at different distances from SiN window edge. (b) Liquid layer thickness 

variation calculated from the low-loss EELS in a. Reproduced from [1] with permission from The Royal 

Society of Chemistry. 

 

In addition, the spatial resolution in liquid-phase TEM can degrade to a great extend especially for MEMS-

based liquid cell experiments, and at regions with thicker liquid layer due to the electron scattering in the 

liquid. As such, imaging is practically being performed at regions closer to the window edge where 

window bulging effect is less significant.  

 

1.5.5 Electron beam effects in gas cell TEM 

Besides the above discussed electron beam effects, special attentions should be paid to the in situ gas cell 

TEM experiments. This is because the electron beam can not only interact with specimen but also with 

the surrounding gas molecules, introducing the ionization of gases, in some cases can be highly reactive. 

The reactions of ionized gas molecules with specimen can induce series of phenomena that are difficult to 



35 

 

interpret without careful control experiments. For instance, it was found the carbon nanotube can be easily 

damaged from ionized O2 gas by attacking the tip regions, as shown in Figure 1-12a to f.[62] The 

calculated cumulative electron dose for electron beam damage in vacuum and in higher pressure O2 gas is 

shown in panel g. The cumulative dose threshold decreases from 1.2 × 106 e-/A2 to 1.3 × 104 e-/A2 from 

vacuum to 1 mbar pressure O2. Therefore, the carbon nanotube can be more prone to be damaged in O2 

gas environment under electron beam irradiation, such that the structural change of the sample has to be 

carefully evaluated to excludes the electron beam induced effects. 

 

 

Figure 1-12. (a-f) TEM images of carbon nanotube in 0.7 mbar O2. Boxed regions highlight the gradually 

opened nanotube tip. (g) Threshold cumulative electron dose for damage of carbon nanotube from electron 

beam and from gas ionization. Reprinted with permission from [62]. Copyright (2016) American Chemical 

Society. 

 

As the additional example, Figure 1-13 shows the TEM images and SAED patterns of Au@Pt NPs 

(g
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supported by MoS2 before and after annealing in air at 400 °C.[2] It can be seen that voids formed on 

MoS2 support and its diffraction spots disappeared, suggesting the MoS2 underwent structural damage 

with loss of crystallinity. However, this phenomenon is not observed on annealing experiments in vacuum 

environment and ex situ conditions. It is expected that the reaction between ionized O2 and MoS2 caused 

the structural degradation, which is clearly an electron beam induced effect.  

 

Figure 1-13. Au@Pt NPs annealing in air flow containing 21 vol. % O2. (a, c) Transmission electron 

microscopy (TEM) image and SAED at RT; (b, d) TEM and SAED at 400 °C. The scale bar is 10 nm. 

Reprinted with permission from [2]. Copyright (2020) American Chemical Society. 

 

In addition, spatial resolution decrease due to the contribution of SiN window thickness and gas layer 

thickness, although not as significant as liquid-phase TEM, is another factor to consider for in situ gas 

TEM experiments. Quantitively, a study analyzed the gas layer influence on the resolution degradation in 

ETEM.[63] As shown in Figure 1-14a-d of STEM images of amorphous carbon in different gases, the 

blurring effect becomes obvious once the pressure increases from vacuum (10-7 mbar) to 10 mbar. The 
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background changes from darkest to an increase of brightness while the carbon has a decreased brightness. 

Looking at the intensity and normalized intensity profile in panel e and f in N2 gas, it is clear that the 

background intensity has increased from vacuum to high pressure. Panel g and h shows the normalized 

intensity and signal-to-noise ratio (SNR) of carbon in different gases pressures, and these results show 

that all gases will induce SNR degradation that negatively impact the image quality when the pressure is 

high, and Ar shows a stronger effect among the other gases, followed by N2. Panel i gives the estimation 

of STEM resolution degradation on a M1 crystal in He and N2 gas at different pressure. It can be seen that 

He gas almost have no effect on the resolution degradation even at the highest pressure of 10 mbar, 

however the N2 gas can significantly decrease the resolution to more than 0.4 Å at 10 mbar. This is believed 

to be a reason of gas induced change of probe diameter. The electron beam interaction with the gas layer 

in the gas cell TEM will cause the broadening of converged beam similar like the interaction with a 

relatively thick sample. To estimate the probe broadening b, multiple-scattering theory developed by 

Bothe[64] can be used: 

𝑏 = 1.05 × 103(
𝜌

𝑊
)1/2

𝑍

𝐸
(

1 + 𝐸

1 + 𝐸/2
)𝐿3/2 

where 𝜌 is the mass density, 𝑊 is the mean molar mass, 𝑍 is the mean atomic number of the solid, and 

E is the accelerating voltage of the microscope being used. The theoretical resolution degradation in panel 

i is a reason of probe broadening as illustrated in panel j, where N2 gas induce more broadening compare 

to He gas at the same pressure.    
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Figure 1-14. (a-d) Environmental STEM images of lacey carbon observed in different pressure of gases. 

Scale bar is 200 nm. (e-f) Intensity and normalized intensity profile of carbon contrast against the 

background in N2. (g-h) Normalized carbon contrast and SNR in different gases and pressures. All images 

are reproduced with permission. (i) STEM resolution in He and N2 from calculation and experiments. (j) 

Schematic showing the probe broadening effect due to the gas interaction. [63]© 2017 Wiley-VCH Verlag 

GmbH & Co. KGaA, Weinheim   
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Chapter 2 Theories in solid-liquid and solid-gas reactions 

2.1 Mechanisms of nucleation and growth in liquid 

Nucleation is the process of crystallization of seed nuclei from solution. Nucleation are involved in many 

chemical synthesis processes, especially for catalysts fabrication. In classical nucleation theory, the crystal 

is expected to form after the ions in solution overcome the energy barrier such that nuclei being stabilized 

above a critical radius in the solution. The description of spherical particle nucleation from liquid can be 

described using the total free energy given by: 

∆𝐺 = 4𝜋𝑟2𝛾 +
4

3
𝜋𝑟3∆𝐺v 

where r is the radius of the particle, 𝛾 is the surface energy and ∆𝐺v is the bulk free energy. As the nuclei 

radius become larger, the surface energy for a specific system is always positive, while bulk free energy 

is always negative, leading to a maximum free energy for a nucleus at certain radius, as shown in Figure 

2-1.[65] This radius, indicated as 𝑟c, is the critical radius above which the nucleus will continue growing 

without the possibility to be dissolved again into the solution. For nuclei smaller than 𝑟c, they are prone 

to be dissolved because of the total energy can be lower for smaller size. Thus, for homogeneous 

nucleation where nuclei form uniformly in the parent phase, in order to form stable particles nucleated 

from solution, the nuclei need to overcome the energy barrier and reach the critical radius. This is also 

true for heterogeneous nucleation where nucleation happens at inhomogeneities such as surfaces, but the 

nucleation barrier can be much lower, making the process easier to happen than homogeneous 

nucleation.[65] 
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Figure 2-1. Total free energy for a nucleus with different radius in the solution. Image reproduced with 

permission. Reprinted with permission from [65]. Copyright (2014) American Chemical Society. 

 

The nucleation rate depends on several factors including free energy barrier, supersaturation, and 

temperatures. In classical nucleation theory, the nucleation rate is described as:[66] 

𝐽𝑛 = 𝐴 exp (−
∆𝐺

𝑘𝑇
) = 𝐴 exp (

−8𝜋𝜔2𝑎3

3(𝑘𝑇𝜎)2
) 

Where A is kinetic constant determined by kinetic barriers including diffusion and steric, ∆𝐺  is 

nucleation free energy barrier, α is the interfacial energy, σ is the supersaturation, 𝜔 is the molecular 

volume, and T is the temperature. Figure 2-2 shows the nucleation rate 𝐽𝑛  at different level of 

supersaturation for calcium phosphate nuclei.[66] The supersaturation from level 1 to 6 increases and thus 

lead to an increase of the nucleation rate.  



41 

 

 

Figure 2-2. Nucleation behavior on the effect of different supersaturations. The nucleation rates are 

dependent of time. Copyright © 2013, Nature Publishing Group.[66] 

 

The growth of particle in solution are influenced by two factors: the reaction at surface and diffusion of 

reactant to the surface.[65] As illustrated in schematics of Figure 2-3, the reaction limited growth resulted 

from the reaction kinetics at growth surface that control the process, while diffusion limited growth is a 

result of diffusion of monomer toward the surface being the rate controlling factor. 
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Figure 2-3. Schematic of (a) reaction limited and (b) diffusion limited growth. 

 

To describe the growth phenomena, Fick’s law is used for the diffusion process in the form of 

𝐽 = 4𝜋𝑥2𝐷
dC

dx
 

where r is the particle radius, J is the monomers through spherical plane with radius of x, D is the diffusion 

coefficient, and C is the concentration at distance of x. For the reaction rate at the surface, the process is 

described by the following equation: 

𝐽 = 4𝜋𝑟2𝑘(𝐶𝑖 − 𝐶𝑟) 

where k is the rate of surface reaction, 𝐶𝑖 is the concentration of monomers at solid and liquid interface, 

𝐶𝑟 is the particle solubility. As such, the competition between reaction and diffusion will lead to one of 

the mechanism being the rate-limiting factor for the growth of particle, or being in between of the two 

because of other rate-changing parameters such as inhomogeneities, defects, grain boundaries, and so forth. 

 

Models that describe the nucleation and growth processes including the LaMer mechanism, Ostwald 

ripening, Finke-Watzky mechanism, particle migration and coalescence, oriented attachment, and 
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intraparticle growth. The LaMer mechanism[67] is known as the first description that distinguish the 

nucleation and growth process separately. As shown in Figure 2-4, the nucleation and growth process are 

separated into three stages: the first stage involves increase of concentration of free monomers; the second 

stage involves rapid nucleation process such that the free monomer concentration begin to decrease; the 

last stage involves the growth process that the nuclei becomes larger in size. However, there are other 

models that describe the nucleation and growth process happen simultaneously. One example is Finke-

Watzky two step mechanism, where the first step involves slow nucleation and second step involves 

surface growth.  

 

Figure 2-4. LaMer mechanism showing the three stages in nucleation and growth process. 

 

Figure 2-5 shows the schematic of oriented attachment as a model describe the growth process. It involves 
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coalescence where several nuclei attached together, and rotation of nuclei to align certain crystal facets 

with each other. This is usually due to the system reducing surface energy to become thermodynamically 

stable in the solution. Other similar process is the intraparticle growth mechanism, where monomers 

diffuse along the crystal facets and resulted in surface reconstruction. Because different facets can have 

different surface energy, the surface reconstruction can lead to preferential growth of lower energy crystal 

facets while dissolve of higher energy facets.  

 

Figure 2-5. Schematic showing the (a) oriented attachment and (b) intraparticle growth. 

 

In addition, mechanisms that guide the growth process including particle migration and coalescence, and 

Ostwald ripening are well studies. Illustrated in Figure 2-6, particle migration and coalescence means the 

growth of particle are due to the Brownian motion of free standing particles that leads to the attachment 

of each other, while Ostwald ripening is a process that adatoms move from smaller particles to larger 

particles and results in dissolving of smaller ones and growth of larger ones. The Ostwald ripening 
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mechanism is usually due to the increased solubility and surface energy of smaller particles where 

detachment of monomer from the surface is easier than for the larger particles.[65]  

 

 

Figure 2-6. Two main mechanisms of growth in solution: particle migration and coalescence, and Ostwald 

ripening.  

 

The Ostwald ripening mechanism can be described by Lifshitz-Slyozov-Wagner (LSW) theory,[68] 

where the average radius of particles during a diffusion and reaction controlled growth process is 

described as: 

< 𝑅 >3−< 𝑅 >0
3=

8𝛾𝐶𝑟𝑣2𝐷

9𝑅𝑇
𝑡, 

and 

< 𝑅 >2=
64𝛾𝐶𝑟𝑣2𝑘

81𝑅𝑇
𝑡, 

suggesting that the average particle radius is correlated to the exponential factor of time (t) with 

relationship of 𝑅~𝑡𝛽, where β equals to 1/3 for diffusion limited and 1/2 for reaction limited growth. 

 

If growth process involves both migration and coalescence and Ostwald ripening, the LSW theory are 
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modified by Lifshitz-Slyozov encounter modified (LSEM) theory[69, 70] to enable the accurate 

description of the process. Compare to LSW theory, the LSEM takes into consideration the particle 

coalescence during nucleation and growth processes. Based on Gibbs-Thomson relation, 

𝐶𝑟 = 𝐶𝑒𝑒𝑥𝑝 [
2𝛾Ω

𝑅𝐵𝑇
∙

1

𝑟
] ≈ 𝐶𝑒 [1 +

2𝛾Ω

𝑅𝐵𝑇
∙

1

𝑟
], 

where Ce is the solute concentration, Cr is the solubility at surface of a particle with radius r, γ is the 

specific interfacial energy of matrix-precipitate particle boundary, Ω is the mean atomic volume of particle, 

RB is the universal gas constant, T is the absolute temperature. In LSEM model the kinetic equations for 

average particle radius is as follows,[71] 

�̅�3(𝑡) − �̅�3(0) = 𝐾(𝑄)𝑡 

where 

𝐾 =
6𝛾Ω𝐶𝑒𝐷�̅�′3

𝑅𝐵𝑇𝑌
, 

Ce is the average mole fraction of solute in the matrix, D is the diffusion coefficient, and �̅�′3and Y are 

parameters that depend on volume fraction of precipitate. In LSW theory �̅�′3 and Y are constants with 

values of 1 and 6.75, while LSEM predicts �̅�′3and Y will change as a function of volume fraction if 

particle coalescence occurs.[71] This indicates that the combination of particle migration and coalescence 

and Ostwald ripening in the growth process can lead to the deviation of classical LSW theory. 

 

Besides classical nucleation theory, there are non-classical nucleation pathways being discovered and 

proposed. Different than the classical theory, non-classical nucleation involves crystallization through 

metastable or intermediate states before the final stable phase. This means the non-classical nucleation 
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usually include more than one steps where the system transfer from unstable to stable phase with several 

intermediate stages instead of directly to the most stable phase. The phase that separated from the solution 

is usually the one displays lowest free energy barrier.[72] For example, the nucleation process in colloidal 

systems shows the formation of dense liquid precursor phase before reaching a stable crystal structure.[73] 

Similar two stage nucleation have been reported in studies of biomineralizations, such as nucleation of 

calcium carbonate where amorphous calcium carbonate was identified before the crystal 

mineralization.[74, 75]   

 

2.2 Mechanisms of catalyst behavior and degradation under gas environments  

2.2.1 Catalyst degradation 

During service, catalysts display dynamic behaviors induced by solid-gas reactions. Among them, 

catalysts degradation is crucial factor that limit the lifecycle, as illustrated in Figure 2-7[76] for Pt catalyst 

supported by carbon. During the sintering process where catalytic nanoparticles agglomerate, two 

mechanisms can be involved as Ostwald ripening and particle migration and coalescence. Both 

mechanism lead to a growth of particle size and reduce of surface area, leading to a decrease of active 

catalytic sites.[50]  
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Figure 2-7. Degradation mechanisms of Pt catalyst on carbon support.[76] © 2014 Meier et al; licensee 

Beilstein-Institut. 

 

Since most of the catalysts are supported, particle migration and coalescence will include the Brownian 

motion of the NPs on the surface of support. The diffusion of NP is correlated to the Fick’s diffusion theory 

and is usually the reason for the change of particles’ center of mass.[50] Smaller particles (diameter less 

than ~3 nm) are easier to diffuse on the support because of the high mobility of adatoms, while larger 

particles display decreased mobility during long-term operations. Therefore, for the case of a catalyst 

system with average large particle size, the particle migration and coalescence mechanism become less 

possible and Ostwald ripening can be the main mechanism for further sintering.  

 

Similar to particle migration and coalescence, Ostwald ripening also involves the diffusion theory but 
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instead is caused by diffusion of adatoms on the support surface. This is due to the metal-to-metal bonding 

is less strong than the metal-to-support bonding and thus it is easier for the adatoms to detach from metal 

NPs surface and diffuse through the environments. Due to the higher surface energy of smaller NPs,[77] 

adatoms can transfer from surface of smaller NPs towards larger NPs, resulting in the loss of small NPs 

and growth of large NPs.  

 

The sintering of NPs is qualitatively described by three phases[50]: 1) rapid loss of surface area in early 

stage caused mainly by Ostwald ripening, resulting in the disappearance of smallest NPs; 2) slowdown of 

sintering process can be a combination of Ostwald ripening and particle migration and coalescence, 

resulting in a log-normal like particle size distribution; 3) particles may reach equilibrium dispersion with 

high stability on the support, depending on the properties of metal, support, temperature, and gas 

environments.  

 

2.2.2 Oxidation and reduction mechanisms 

In catalyst NPs’ service conditions, the environments can involve oxidizing and reducing agents such as 

oxygen (O2) and hydrogen (H2). In addition, most catalytic reactions require temperature above room 

temperature to accelerate the reaction rates. Therefore, understand the high temperature gaseous oxidation 

and reduction on catalytic NPs are crucial for the development of advanced catalyst. The gaseous 

oxidation/reduction reactions are also important for applications in gas turbines, power plants, 

petrochemical and aerospace industries.  
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To determine how easy a specific element is being oxidized, Ellingham diagrams are used where 

relationships between free energy change and temperature are plotted. As shown in Figure 2-8[78], the 

free energy change for NiO is negative within the plotted temperature range, suggesting the formation of 

Ni oxide is spontaneous at the specific temperature. This diagram can be used to compare the stability 

among different metal oxides, for example, Al2O3 shows the most stable oxide while Ag2O is least stable 

because the free energy is least compared to other metal oxides.  

 

Figure 2-8. Ellingham diagrams showing exemplar elements in oxide form. [78] Copyright Springer-
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Verlag New York. 

 

Oxidation theories 

For room temperature oxidation, oxidation kinetics are predicted by Cabrera-Mott theory.[79] In this 

model (Figure 2-9[80]), oxygen dissociation and chemisorption happen on the metal surface, resulting in 

the formation of a thin oxide layer. Due to the electron tunneling effect, electric field is generated in the 

oxide layer and thus decrease the activation energy of cation diffusion, providing the driving force for the 

outward diffusion of metal cations.[79] Since the oxide thickness is inverse to the strength of electric field, 

the oxidation rate is initially rapid but will decrease dramatically as the oxide layer becomes thicker, and 

finally reach equilibrium once the electric field are too weak to drive any further cation diffusion. 

Therefore, the CM model is only valid for thin oxide layers (less than 10 nm) during the initial state of 

oxidation.[80] In this model, the diffusion of metal ions from metal-oxide interface to the external oxide 

surface is usually the rate-limiting factor for oxidation kinetics.  

 

 

Figure 2-9. Schematic of CM model showing the initial stage of room temperature oxidation of metal NP. 

[80] Reproduced by permission of The Royal Society of Chemistry. 
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In high-temperature oxidation, the CM model is inapplicable since the temperature provides extra effects 

in activation of diffusion such that the oxide layer can be thicker than the limitation predicted by CM 

model.[80] Wagner[81] developed the bulk oxidation theory to describe high-temperature oxidation 

conditions. It assumes a dense and continuous oxide scale and predicts that the diffusion of ions and 

charges across oxide layer is the rate-limiting factor. Currently, there are several models that modified the 

Wagner theory to describe the oxidation for spherical NPs instead of planner geometry. For instance, 

Valensi-Carter’s shrinking core model[82] takes the NPs’ curvature surface into account and predicts the 

activation energy of oxidation decrease with decreasing NP size. Another model from Fromhold[83] 

assuming only surface charge and linear diffusion draws similar conclusion that smaller NPs can be 

oxidized faster than larger NPs. Therefore, the activation energy for oxidation of smaller size NPs will be 

less compared to larger size NPs, which has been confirmed by several studies.[84-87]  

 

The oxidation kinetics of metals can be generally described using the electrochemical interpretation 

(Figure 2-10[78]). The metal surface is the anode, oxide external surface is the cathode, and oxide layer 

acts as solid electrolyte where both ionic and electronic resistance exist. Metal cations diffuse outward 

through the oxide layer and oxygen anions can also diffuse inward, following the reactions at metal/oxide 

interface: 

𝑀 → 𝑀𝑛+ + 𝑛𝑒− 
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𝑛

4
𝑂2 + 𝑛𝑒− →

𝑛

2
𝑂2− 

Therefore, the following equation can be used to determine the current I between metal and oxide external 

surface:[88] 

𝐼 =
𝐸𝑜

𝑅 + 𝑟
 

Where R is the electronic resistance, r is the electrolytic resistance, and E0 is the maximum potential 

difference between the electrodes. The general equation of oxide thickness is:[88] 

𝑑𝑦/𝑑𝑡 = 𝐵𝐼 

Where y is the oxide thickness, t is the time, and B is the constant of proportionality. The rate of oxidation 

can be derived into the following three categories. 

 

 

Figure 2-10. Electrochemical interpretation of oxidation of metals. The metal surface and oxide external 

surface act as anode and cathode, while the oxide layer is the solid electrolyte. [78] Copyright Springer-

Verlag New York. 
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In the first case, if the total resistance is small enough such that growth of oxide is controlled by the free 

diffusion of ions and charges, a linear relationship can be obtained in the following format:[88] 

𝑦 = 𝐾𝑡 + 𝐴 

Where K is the rate constant and A is the integration constant. This indicates the oxide grow with a constant 

rate and will not slow down no matter how thick the oxide layer is. For porous films where the total 

resistance is relatively small, a liner relationship can be the oxidation kinetics, and it also suggest that the 

formed oxide will not act as protective layer to prevent further oxidation. 

  

In the second case, when the total resistance is large enough such that diffusion of ions is gradually 

decreased due to the build thickness of oxide layer, the square of oxide thickness is proportional to time:[78] 

𝑦2 = 𝐾𝑡 + 𝐴 

This relationship is called parabolic rate law and is in similar format of Fick’s diffusion law:[89] 

𝐿2 = 𝐷𝑡 

Where L is the thickness of oxide layer, and D is the diffusion coefficient of metal in the corresponding 

matrix. For Wagner model, oxidation rates are predicted as parabolic and therefore can be correlated to 

Fick’s diffusion theory where the oxide thickness is proportional to the root square of time. For metal 

oxidation that forms a continuous oxide layer, Wagner’s theory suggests that the diffusion of metal ions 

control the oxidation process.[81] 

 

In the last case, if polarization exist in the oxide, metal ions can be generated faster than the diffusion 
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across the oxide layer, therefore a counter electric field E is created and the current becomes:[88] 

𝐼 =
𝐸𝑜 − 𝐸

𝑅 + 𝑟
 

The rate law of oxide thickness in relationship to time can be expressed as 

𝑦 = 𝐾 log (𝐶𝑡 + 𝐴) 

Where K is the rate constant, A and C are integration constants. This logarithmic rate law suggests that 

the oxidation is controlled by the transfer of electrons due to the existing of electric field in the oxide layer, 

and is a process that involve combination of electrical and diffusion phenomena.   

 

Figure 2-11[78] shows the plots of linear, parabolic and logarithmic rate law in the condition that all K are 

equal to 1, C=100 and A=0. These values are arbitrary to show the general trend of three different kinetics. 

It is clear that both parabolic and logarithmic rate laws indicate the formation of protective oxide layer 

because of which oxidation is slowed down with time.   
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Figure 2-11. Comparison between linear, parabolic, and logarithmic rate law for oxidation. Image 

reproduced with permission. [78] Copyright Springer-Verlag New York. 

 

Reduction theories 

Catalytic oxide NPs exposure in H2 reduction environment involves the following process: the H2 

molecules dissociate onto metal oxide surface, diffusion of H atom to the reaction site, breakage of the 

metal-O bonds, formation of metal atoms, nucleation and growth of metallic atoms into clusters and 

crystalline metallic phase.[90] The kinetics of growth of metallic phase between solid and H2 can be 

described according to Avrami relation in:[91] 

𝑥𝑚𝑒𝑡𝑎𝑙 𝑜𝑥𝑖𝑑𝑒 = 1 − exp (−𝑘𝑡𝑚) 

where x is the conversion fraction, t is the time, k is the rate constant, and m is exponent factor depends 

on limiting steps. This is usually for the case where metal clusters grow in two dimensions over the oxide 
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surface, and H2 can rapidly dissociate on metal surface and into the grain.  

 

For the solid-gas reduction mechanism, the shrinking core model is used to describe the whole process.[92] 

Illustrated in Figure 2-12[93], as the metal oxide particle reacted with H2 gas, metallic phase nucleated 

and growth as thin layer across the oxide, with the oxide shrink into smaller size and finally disappear 

when fully reduced. During the reduction, H2 diffuse inward and the reduction product (H2O) diffuse 

outward through the metallic layer. The core remains unreacted, but the reaction front moves toward the 

interior of the particle, resulting in shrinkage of the core to compensate the formation of metallic phase. 

The outward diffusion of reduction product usually causes the metallic phase to be porous with micro or 

nanochannels or crystalline grains. 

 

Figure 2-12. Schematic of shrinking core model during reduction reaction. [93] Copyright © 2002 

Elsevier Science Ltd. All rights reserved.  
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Chapter 3 In situ liquid TEM study of nucleation and growth dynamics of Au nanoparticles on 

MoS2 nanoflakes 

(This Chapter is from my published article.[1] The permission is attached in Appendix.) 

3.1 Introduction 

Catalytic activity of noble metal particles can be optimized by reducing particle size,[94] increasing 

surface area[95] and tuning orientation.[96] However, obtaining uniformly distributed noble metal 

nanoparticles with controllable size, shape, and orientation is remaining as the biggest challenge in catalyst 

design. Over the last decade, supporting noble metal nanoparticles by various substrates have become a 

promising route where well-chosen substrates can provide a facile way to limit particle size,[97] control 

orientation[98] and prevent particle aggregation.[99] Recent advances in large scale synthesis of ultrathin 

2D materials have attracted tremendous attention for supporting nanomaterials.[100, 101] Besides 

graphene, many other 2D materials such as transition-metal dichalcogenides (TMDCs) are gaining 

increased attention since the combination of 2D monolayer form with semiconductor properties.[102] 

Utilizing TMDCs as templates to grow noble metal nanoparticles opens the possibility of novel composite 

nanostructures in application of high performance catalyst and electronic devices.[103-106] 

 The synthesis of noble metal nanoparticles decorated on ultrathin 2D TMDCs has been studied 

extensively.[107-110] With the help of reducing agents,[108] reducing metal ions from precursors to 

nanoparticles by chemical reduction is promising because of the relatively low cost and ease of 

implementation. When the reduction potential of metal ions is more positive compared to the conducting 
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or semiconducting substrate, an electroless deposition called galvanic displacement can occur without any 

additional reducing agent.[111-113] As an example, when semiconducting MoS2 is used as substrate, after 

immersion into aqueous solution containing metal precursors, reduction of metal ions takes place 

spontaneously by gaining electrons transferred from MoS2 valence band.[103, 107, 108] This galvanic 

displacement reaction allows a straightforward synthesis of 2D composite nanostructures decorated with 

metal nanoparticles. Furthermore, the ability to precisely control the decoration of metal particles on 

TMDCs is the subject of current interest.[104, 107] Different stabilizers or surface capping agents were 

added to achieve homogeneously distributed nanoparticles, such as sodium carboxymethyl cellulose[104] 

and trisodium citrate.[108] Epitaxial growth was also reported for metal nanoparticles such as Pd and Pt 

that are deposited on MoS2 with (111) and (101) epitaxial orientations.[108]  

Despite that various synthesis strategies for controlling nanoparticles growth on 2D TMDCs are under 

fast development, the associated mechanism studies mostly relied on theoretical models, which limits an 

in-depth understanding and exploration of the dynamic essentials. In situ (scanning) transmission electron 

microscopy (S)TEM provides the possibility to directly observe dynamic reaction process in real time 

with high spatial resolution.[21-23, 26, 114-117] Benefiting from the design of in situ liquid cell consisting 

of two silicon chips with silicon nitride (SiN) viewing windows, liquid solutions can be stored or flowed 

between chips without influencing the high vacuum in the (S)TEM chamber. The precise control of the 

liquid thickness allows sub-nanometer imaging of reactions in liquids or at solid-liquid interfaces.[36] 

Although several studies showed nanoparticle nucleation and growth in liquid-cell (S)TEM,[5, 6, 11, 13, 

31, 58, 118-120] to the best of our knowledge, the nucleation and growth of metal nanoparticles on 2D 
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substrates in the liquid cell has not been investigated. Here, we report a combined in situ liquid-cell TEM 

observation and DFT study of the nucleation and growth processes of Au nanoparticles on MoS2 

nanoflakes. We find that MoS2 nanoflakes play a vital role in controlling the growth mechanism of Au 

nanoparticles. Due to electrochemical Ostwald ripening, Au nanoparticles on pristine MoS2 grow with 

exponent factor of β ~ 0.41 which is in between diffusion-limited and reaction-limited mechanism. In 

contrast, sulfur vacancies on MoS2 induce Au particle diffusion and coalescence during growth process. 

Additionally, the nanoparticles nucleating along MoS2 edge have larger size distribution and more 

orientation variation than those on MoS2 interior. DFT simulations suggest that MoS2 edge is very 

favorable for Au adsorption due to existence of dangling bonds especially at the Mo-terminated side. In 

addition, S vacancies generate strong nucleation centers that promote diffusion and coalescence of Au 

nanoparticles.  

 

3.2 Experimental Section 

Chemicals. MoS2 powder (<2 μm, 99%, Sigma-Aldrich) and gold chloride AuCl3 (>99.99%, Sigma-

Aldrich) were used as received.   

 

MoS2 synthesis and exfoliation. Bulk MoS2 powder was mixed with isopropyl alcohol (IPA) at a 

concentration of 20 mg/mL. The mixture was sonicated for 5 h in a bath sonicator (Branson 3800, 40kHz, 

110W). After that the dispersion was centrifuged at 2000 rpm for 30 min (Thermo Scientific, Legend 

Micro 21) to remove unexfoliated MoS2. The obtained supernatant was centrifuged at 1500 rpm for 15 
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min, following by taken out the sediment and re-dispersed in DI water before further characterization.  

 

Ex situ deposition of Au nanoparticles on MoS2. AuCl3 solution was prepared by dissolving powder 

in DI water with a concentration of 20 mM. 50 μL AuCl3 aqueous solution was added into exfoliated MoS2 

dispersion with mild shaking. The resulting solution was sonicated for 5 min before (S)TEM 

characterization.  

 

In situ deposition of Au nanoparticles on MoS2. A liquid flow TEM holder with pair of silicon 

microchips (Protochips Inc., Raleigh, NC) was used (Figure 3-1a and b). Each of the microchips has an 

electron transparent silicon nitride (SiN) viewing window with 50 nm in thickness and 550 × 20 μm2 in 

dimension. Spacers with 500 nm thickness (green squares shown in Figure 3-1a) on one microchip were 

used to ensure a constant distance between two microchips. The O-rings ensured a liquid cell between two 

microchips with perfect sealing. One droplet (1 μL) of liquid containing MoS2 dispersion was added on 

the SiN viewing window of one microchip without touching the surface. To create sulfur vacancies on 

MoS2, the bottom microchip was placed inside the microscope and irradiated under electron beam in 

vacuum for 3 min, at a dose rate of 90 e-/(Å2·s). The second microchip was then placed on top of the first 

one with three screws secured to provide a vacuum sealing. The viewing windows were aligned in parallel 

to maximize the viewing area.  

 To flow AuCl3 as precursor into the liquid cell, a microfluid pump was used with Hamilton Syringe 

containing 1 mL of prepared AuCl3 solution connected to the inlet of PEEK tubing. The microfluid pump 
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was then started with a constant flow rate at 240 μL/hr. The concentration of Au3+ ion was kept the same 

as it was during ex situ experiment. The calculated electron dose rate was approximately 50 e-/(Å2·s) for 

all in situ experiments. Videos were captured using an Orius CCD camera at 30 frames per second with 

320 × 320 resolution. Images were taken with 512 × 512 scanning resolution. The liquid layer thickness 

variation due to window bulging effect was calculated using the low-loss EELS data as discussed in 

Chapter 1.5.4 and Figure 1-11. To minimize the precursor depletion and confinement effect in the liquid 

cell, continuous flow of AuCl3 solution is ensured and only MoS2 close to the window edge was used for 

this study. However, future studies to analyze the effect of different precursor flow rate are worthwhile to 

be conducted.  

 In situ control experiment was performed by presetting imaging condition at a short exposure (0.02s), 

locate area of interesting, block electron beam and then flow AuCl3 precursor into the holder under same 

flow rate. Image was taken after five more minutes at same area. Subsequent images were taken with 1 

min intervals until no more change is observed. 

 

Electron microscopy characterization. Ex situ deposited Au nanoparticles on MoS2 was characterized 

by dropping post-reacted solution on lacy copper grid. TEM images were taken by JEOL JEM-3010 

operating at 300 kV. The in situ liquid cell experiments were carried out inside a spherical aberration 

corrected JEOL JEM-ARM200CF STEM with a cold field emission source operating at 200 kV. High 

angle annular dark field (HAADF) images, as well as energy dispersive spectrometer (EDS) spectrum was 

acquired by the same microscope. TrueMap was used for all EDS signal collection to correct the 
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overlapping of Mo, S, and Au peaks. Electron energy loss spectra (EELS) were acquired on a Gatan GIF 

Quantum spectrometer with an entrance aperture of 5 mm.  

 

Density Functional Theory Calculations. DFT calculations were performed with a computational 

setup similar to previous studies.[121-123] The planewave DFT calculations were carried out using VASP 

5.2[124] employing the Perdew, Burke, and Ernzerhof (PBE) Generalized Gradient Approximation 

(GGA)[125] for the exchange-correlation function and projector augmented wave (PAW) 

pseudopotentials.[126, 127] The electronic wavefunctions were expanded with planewaves with energy 

less than 350 eV. The electronic self-consistent loop was terminated when energy changes are less than 

1×10-6 eV and the ionic relaxations were considered converged when the magnitude of the largest force 

on any atom is less than 0.01 eV/Å. The (001)MoS2 pristine surface and the surface with vacancy was 

modeled using a 3×3 slab generated from bulk (001)MoS2 with lattice constant of 3.18 Å. The Mo-edge/S-

edge of MoS2 were modeled using a nanoribbon of 4×4 extension, exposing four Mo/S sites, respectively. 

To mitigate the fictitious interactions between the images in the non-periodic directions, we used a 

supercell approach with more than 12 Å vacuum. For the S-edge NR we had to increase the vacuum 

spacing to larger than 25 Å to prevent Au from adsorbing at the Mo edge. The Brillouin zone is sampled 

using the gamma point. We allowed all atoms to relax in all models except for the MoS2 with S vacancy 

where we fixed the bottom S layer. Nudge-elastic band (NEB) calculations are carried out to compute the 

energy barriers.[128, 129] We calculated the nanoparticle binding energy per Au using, 

𝐸𝐵𝐸 =
1

𝑛
(𝐸𝑀𝑜𝑆2+𝐴𝑢𝑛

− 𝐸𝑀𝑜𝑆2
− 𝑛𝐸𝐴𝑢),                          
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where 𝑛 is the number of Au atoms, EMoS2+Aun
 is the energy of the Aun/MoS2 heterostructure in the 

optimum geometry, EMoS2
 is the energy of the MoS2 substrate, and EAu is the energy of an isolated Au 

atom with 4d105s1 valence according to Hund’s rules. The isolated atom was modeled using a large 

supercell with a cubic lattice of 15 Å side.  

 

3.3 Results and discussion 

In this work, in situ liquid-cell setup is used to flow AuCl3 solution between two silicon nitride (SiN) 

membranes. The schematic of the liquid cell device and its cross-section are shown in Figure 3-1a and b, 

respectively. AuCl3, which is being flowed continuously through the inlet, triggers the following galvanic 

displacement reactions once in contact with MoS2 nanoflakes:  

Au3+ + 3e− → Au0; 

MoS2 → (MoS2)n+ + ne−.                           

This galvanic displacement takes place spontaneously as the reduction potential (Eo) of Au3+/Au is equal 

to +1.5V versus the standard hydrogen electrode (SHE)[130], which is below the electron affinity (χ = 

4.22 eV)[131] of MoS2. Therefore, Au3+ will be reduced to Au0 by gaining electrons transferred from 

MoS2 substrate.  
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Figure 3-1. (a) The schematic of the liquid-cell (S)TEM device used to study the nucleation and growth 

of nanoparticles. (b) The schematic depicts the reaction happens in liquid cell. (c) Snapshots from Movie 

S1 showing the nucleation and growth of Au nanoparticles on MoS2 interior (yellow squared regions) and 

edge (yellow circled region). Scale bar is 50 nm.  

 Movie S1 shows Au nanoparticles nucleation and growth on MoS2 nanoflake. Snapshots from Movie 

S1 are shown in Figure 3-1c. As Au3+ gains electrons from MoS2, gold nuclei began to form on MoS2 

interior (yellow squared regions) and along edge (yellow circled region). The nuclei grew into larger 

nanoparticles as time increases, while nucleation happens at different times and locations. The average 

particle radius as a function of time is then analyzed and shown in Figure 3-2. The radii were calculated 

based on (𝑆/𝜋)1/2 where S is the projection area. Figure 3-2a and b show an example of growth profiles 
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of six Au particles that each can be fitted into a power law function in the form of 𝑅~𝑡𝛽, where β is the 

mean growth exponent. The classic Lifshitz-Slyozov-Wagner (LSW) growth theory predicts two growth 

mechanisms for average radius of particles where β equals to 1/3 and 1/2 for diffusion-limited and 

reaction-limited models, respectively.[68] Previous in situ TEM studies have shown both consistency[28] 

and inconsistency[31] compare to the LSW model. Here, the average radius involving all particles in 

Movie S1 is shown in Figure 3-2c, with β determined to be 0.41. Another example of Au nucleation and 

growth on MoS2 (Movie S2) is also analyzed with β equals to 0.42. Since the two movies are under the 

same experimental conditions, the results indicate that the growth of Au on MoS2 yields an exponent of β 

~ 0.41 which is in between diffusion-limited and reaction-limited growth mechanisms predicted by the 

LSW theory.  

 

 

Figure 3-2. (a) Last frame of Movie S1 where the selected particles are numbered. The scale bar is 50 nm. 

(b) Particle radius as function of time obtained from Movie S1 corresponding to the particles numbered 

in a. (c) The average radius as function of time obtained from Movie S1 (blue) and Movie S2 (red).  
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 It is also notable that not all the nanoparticles have continuous size increase upon observation, for 

instance the small nucleus marked by the black arrow in Figure 3-1c disappears within a short time after 

its nucleation. To further understand this, the surrounding areas of two interior particles (squared regions 

in Figure 3-1c) and one edge particle (circled region in Figure 3-1c) were analyzed in Figure 3-3a, b and 

c, respectively. The particles marked in yellow outlines are the largest ones in the selected area, while the 

ones marked by red outlines are nearby smaller particles. We should clarify that the red outlines show only 

some examples of the particles, and not all of the particles in the image are outlined. In contrast to the 

growth of the largest particle, the surrounding smaller ones dissolve soon after nucleation, although a 

successive nucleation of small nuclei at different locations are observed. The similar phenomenon 

happened both on the interior and edge particles that the largest one grows while surrounding ones dissolve. 

As there is no coalescence observed for particles on interior or along edge, this growth mechanism can be 

attributed to the MoS2 substrate-induced electrochemical Ostwald ripening. This is a growth process 

involving migration of ions and electrons instead of atoms from a smaller particle to a larger particle, 

when a substrate is present. Brus et al.[132] first reported the electrochemical Ostwald ripening 

phenomenon for silver particles on conductive substrates immersed in water. Their observations suggested 

that smaller silver particles dissolved by releasing Ag+ into solution while electrons transferred through 

the conductive substrate and combined with another ion on larger particles, leading to the continuous 

growth of the larger one. Later on more studies confirmed that the electrochemical Ostwald ripening 

phenomenon can take place on semiconducting substrates as well.[133] The electron migration driving 

force is due to the potential difference between the larger and smaller particles, as smaller particles are 
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easily oxidized.[134] Here, the proposed mechanism is shown in Figure 3-3d. At stage Ⅰ, the galvanic 

displacement resulted in nucleation and initial enlargement of the Au nuclei. At stage Ⅱ , the 

electrochemical Ostwald ripening is triggered due to the potential difference between small and large 

nuclei. The presence of electrochemical Ostwald ripening may be the reason that Au nanoparticle growth 

on MoS2 is bounded by the diffusion-limited and reaction-limited growth mechanisms. To further confirm 

the electrochemical Ostwald ripening mechanism, more detailed studies utilizing liquid cell setup with 

better spatial and time resolution are indeed necessary.    
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Figure 3-3. (a-c) The enlarged surrounding areas of two interior particles (squared regions in Figure 3-1c) 

and one edge particle (circled region in Figure 3-1c). All scale bars are 10 nm. (d) The schematic 

illustration of galvanic displacement of Au3+ on MoS2 (stageⅠ ) and the following electrochemical 

Ostwald ripening process (stageⅡ). 

 

 To better understand this nucleation and growth behavior, the morphology and structure of Au 

nanoparticles on MoS2 were further investigated. Figure 3-5a shows the energy dispersive spectrometer 
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(EDS) mapping of Au nanoparticles that formed on MoS2. The EDS signals of Si and N from SiN viewing 

window are excluded to reduce color interference. Notably, the Au nanoparticles that grow along MoS2 

edge have remarkably larger diameter compared to those that grow on interior of MoS2. To quantify the 

Au nanoparticles size distribution, HAADF images containing more than 1000 Au nanoparticles formed 

on MoS2 were statistically analyzed. Figure 3-4 shows an example image of interior and edge Au 

nanoparticles marked by ImageJ.[135] Quantifications of Au nanoparticles size distribution is shown in 

Figure 3-5b. It confirms that the diameter of Au nanoparticles formed on MoS2 interior (≈ 7 ± 4 nm) is 

smaller than that along MoS2 edge (≈ 12 ± 6 nm). STEM image in Figure Figure 3-5c shows the 

uniformly formed Au particles on MoS2. The corresponding selected area electron diffraction (SAED) 

pattern is shown in the inset. The diffraction spots of {100}MoS2 can be identified, indicating that the basal 

plane of MoS2 is normal to the electron beam. The inner diffraction ring marked with half dashed circle 

can be assigned to 1/3{422}Au planes and outer diffraction ring is from {202}Au. Amorphous pattern is 

contributed from SiN viewing window. The appearance of 1/3{422}Au forbidden spots is probably because 

the Au thickness along electron pathway is so small that spots from the first Laue zone can be greatly 

elongated to intercept with Ewald sphere, especially in the case where the number of {111}Au layers is not 

divisible by three, or due to stacking faults along (111) plane.[108, 136] Thereby the zone axis of Au 

nanoparticles can be confirmed to <111>.  



71 

 

 

Figure 3-4. Example image for particle size measurement. The Au nanoparticles marked with blue and 

red correspond to those formed on MoS2 interior and along MoS2 edge. 
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Figure 3-5. (a) EDS mapping of Au nanoparticles formed on MoS2. (b) Au nanoparticles size distribution 

and Gaussian fittings. The inset table lists calculated mean and standard deviation of Au nanoparticles 

diameter. (c) HAADF image of in situ grown Au nanoparticles on MoS2. Inset shows the SAED pattern 

of hexagonal basal plane of MoS2 along with 1/3{422}Au and {202}Au diffraction rings. (d) HAADF image 

of an Au nanoparticle formed on MoS2 interior. Two FFT images were taken from the areas marked with 

red squares. Spots in blue and red circles are from (001)MoS2 and (111)Au, respectively. (e)(f) HAADF 

images of Au nanoparticles formed along MoS2 edge (indicated by white dashed line). FFT images were 
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taken from the areas marked with red squares. Spots in blue, red, green and yellow circles are from 

(001)MoS2, (111)Au, (101)Au, and (001)Au, respectively. 

 

 The HAADF images of Au nanoparticles formed on MoS2 interior and along MoS2 edge are shown 

in Figure 3-5d and e-f, respectively. In Figure 3-5d, Fast Fourier transform (FFT) image from MoS2 

substrate (Region 1) shows the six diffraction spots in blue circles from (001)MoS2 basal plane. FFT from 

Region 2 shows diffraction spots in red circles from 1/3(42̅2̅)Au, indicating (111)Au orientation. Figure 

3-5e and f show two Au nanoparticles that grown on MoS2 edge (indicated by white dashed line). Notably, 

different orientation relationships with MoS2 basal plane were observed. For instance, Region 3 in Figure 

3-5e where part of Au nanoparticle outside MoS2 shows diffraction spots in green circles from (111̅)Au, 

(11̅1̅)Au and (020)Au, suggesting (101)Au orientation. Figure 3-5f shows another example of Au with 

(001)Au atop MoS2 while no clear zone axis present for the part outside MoS2. Previous reports have shown 

that the low-index facets of FCC metal {111} can grow with preferential orientation on MoS2 surface.[108] 

One of the reasons is that Au {111} has the lowest surface energy among low Miller index surfaces,[137] 

which is generally the case for FCC metals.[138-141] Additionally on (111)Au plane the [11̅0]Au has the 

smallest lattice mismatch (9.5%) with [100]MoS2.[142] Based on our observations, this preferential 

orientation can be only observed for the Au nanoparticles formed on MoS2 interior. Au nanoparticles along 

edge may have several possible orientation relationships with MoS2 basal plane, with the possible reason 

that some particles are polycrystals. 
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Figure 3-6. (a) STEM-HAADF image of MoS2 surface with sulfur vacancies after electron beam 

irradiation. (b) The snapshots from Movie S3 show the dynamics of Au nanoparticles growth on MoS2 

with sulfur vacancies. Two pairs of nuclei that migrated and coalesced are outlined by blue and yellow 

lines. The scale bar is 10 nm. (c) The schematic illustration of galvanic displacement of Au3+ on MoS2 

(stage Ⅰ), diffusion of Au nuclei towards vacancy sites (stage Ⅱ), and particle coalescence mechanism 

(stage Ⅲ). 

 

In the next step, sulfur vacancies were created on MoS2 nanoflake and the in situ TEM experiment 

was repeated to analyze the effect of vacancies. The effect of electron beam on generating sulfur vacancies 

is discussed in Chapter 1.5.2 and Figure 1-8. Figure 3-6a shows exemplary HAADF image of sulfur 
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vacancies on MoS2 surface after electron beam irradiation. The lower intensity indicates the existence of 

vacancy sites such as the ones marked by red circles. The growth behavior of Au nanoparticles on the area 

with sulfur vacancies was recorded in Movie S3. The snapshots of Movie S3 focusing on the vacancy area 

can be found in Figure 3-6b. It is interesting that instead of growth into larger size, the Au nanoparticles 

have higher mobility to diffuse and coalesce on MoS2 surface. For instance, the two nuclei outlined by 

yellow lines in Figure 3-6b are well separated at the beginning, however due to increased diffusion the 

two nuclei migrate towards each other forming a “neck” at around 13 s, and finally they coalesce into a 

larger particle. Similar phenomenon happens for the two nuclei marked with blue outline. Although 

galvanic displacement still contributes to the initial nucleation process, most of the particles stop growing 

at early growth stage (radii ≤ 3 nm) compare to the case of pristine MoS2. In addition, the particle diffusion 

and coalescence are greatly increased. Based on the observation, the possible growth mechanism is 

illustrated in Figure 3-6c. In stage Ⅰ, the galvanic displacement induces initial Au nuclei. In stage Ⅱ, S 

vacancies result in localized midgap states[143] in MoS2 electronic structure, and thus induce strong 

scattering effect.[144] In this circumstance, the galvanic displacement and electrochemical Ostwald 

ripening are hindered since scattering effect diminishes the electron transfer ability. Furthermore, as S 

vacancies create new favorable adsorption sites for Au nuclei (see more details in the DFT calculation 

part), the diffusion towards vacancy sites is greatly enhanced. In the final stage Ⅲ the surrounding Au 

particles coalesce into larger ones.   

 

 To further verify the nucleation and growth differences of Au nanoparticles on MoS2 interior, along 
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edge, and on MoS2 with S vacancies, DFT calculations are carried out to illustrate the early stages of the 

metal adsorption on four different substrate models: 1) pristine MoS2; 2) MoS2 nanoribbon (NR) with Mo-

exposed edge; 3) MoS2 NR with S-terminated edge; and 4) MoS2-η representing MoS2 with S vacancies. 

These models are shown in Figure 3-7. For each model, we have obtained the optimum adsorption 

configuration of 1-4 Au atoms, similar to the previous study of Pt/MoS2 system.[121] The binding energies 

of the most stable adsorption configuration are shown in the inset table in Figure 3-7a. The adsorption 

configurations are shown in Figure 3-7b-7f and Figure 3-8  

 For the pristine surface, Au optimum adsorption configuration is atop S site (Figure 3-7b), which is 

in contrast to most metals on MoS2 where the favorable adsorption site with the smallest adsorption energy 

is atop Mo site adopting a four coordinated configuration.[122] The binding energy of the Au monomer is 

relatively small (0.5-0.6 eV), which is not surprising considering that Au has a deep-lying d-band state 

and is relatively inert. The small energy difference (less than 0.1 eV) of the monomer between different 

adsorption sites (atop Mo or in the hollow site) suggests a very shallow potential surface for Au diffusion. 

This is confirmed with nudged-elastic band (NEB) calculations showing that the Au diffusion barrier is 

0.07 eV. The Au2 dimer (Figure 3-7c) adopts a configuration where the Au2 bond is perpendicular to the 

surface atop S site with a strong binding energy of 1.67 eV/atom. The stability of this configuration can 

be understood due to the 4d105s1 valence of isolated Au atom, and the strength of the Au-Au dimer energy 

(2.30 eV). Further, the Au-Au bond distance in this vertical configuration is 2.51 Å, which is similar to 

that of Au2 dimer of 2.47 Å. In addition to being thermodynamically favorable, NEB calculations show 

that two isolated Au atoms can diffuse on the surface and form a dimer without any kinetic hindrance. 
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These results, in addition to binding energies of Au3 and Au4 in Figure 3-7a, suggest that the dimer is the 

nucleation seed, and large nanoparticles can easily grow on the surface via Au diffusion and coalescence. 

 Experimentally, it was seen that Au nanoparticles also nucleate along the edge, and the size of the 

nanoparticles is larger than those that nucleate on MoS2 interior. To investigate this, we used an MoS2 NR 

with exposed Mo and S edges as shown in Figure 3-7d and e. It was found that the Au adsorption on the 

Mo-terminated NR is very favorable with an adsorption energy of 3.74 eV/atom. On the other hand, the 

adsorption of Au on the S-terminated side is less favorable with only 1.8 eV/atom. The difference in 

bonding of Au to the S-terminated versus Mo-terminated edges can be rationalized by inspecting the 

bonding configuration. At the Mo edge, Au occupies the bridge site between two neighboring Mo atoms 

with dangling bonds, while as the bonding on top of sulfur on S-terminated side is not very favorable as 

sulfur is already bonded to two Mo atoms. Larger Au nanoparticles at the edge site are formed by 

occupying all available Mo-Mo bridge sites.  

 Further, we find that the adsorption of Au atop S site on (001) surface near the Mo-terminated edge 

(~ 1 eV) is less preferable than the edge site but is still larger than the adsorption on (001) surface very far 

from the edge (~ 0.6 eV). Thus, there is a strong thermodynamic preference for Au nanoparticles to grow 

at the Mo-terminated MoS2 edge. Furthermore, it was found that the diffusion of Au from atop site on 

(001) surface near the Mo-terminated edge to the edge bridge site is barrierless. These results suggest that 

Au monomers that adsorb on the MoS2 interior can easily diffuse to the Mo-edge site to nucleate there. In 

this case, the rate-limiting step is the Au diffusion barrier of 0.07 eV on MoS2 interior, which is negligible.  

 For the MoS2-η model with one S vacancy (Figure 3-7f), DFT shows that the Au adsorption passivates 
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the S-vacancy in MoS2, with very favorable adsorption energy of 2.77 eV. Further the hopping of Au atom 

from the nearest atop-S adsorption configuration that is close to the vacancy site is barrierless (less than 

0.02 eV). Thus, the vacancy site will form a strong nucleation center where the Au nanoparticle can be 

attracted. As seen experimentally, the high mobility of nanometer scale Au particles can be explained by 

the low diffusion barrier for constituted Au atoms around vacancy sites. 

 

Figure 3-7. (a) Adsorption energies in eV for 1-4 Au atoms on four different MoS2 substrates. (b) Top 

view of Au configuration on pristine (001)MoS2. (c) Side view for dimer Au2 configuration on (001)MoS2. 

(d) and (e) are top views of Au configuration on Mo-edge and S-edge of MoS2 nanoribbon. (f) Side view 

of Au configuration on (001)MoS2-η with sulfur vacancy. Mo is shown as dark blue, S as blue, and Au as 

yellow spheres.  
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Figure 3-8. Adsorption configuration for 1-4 Au atoms on four different MoS2 substrates. Mo is shown as 

dark blue, S as blue, and Au as gold spheres.  

 

 Finally, the role of electron beam was analyzed by the in situ and ex situ control experiments. As 

AuCl3 flows into the liquid cell, the electron beam irradiates the viewing area, generates solvated electrons 

(e𝑎𝑞
− ) from the solution[59, 118] and thus creates a reducing environment.[6, 58, 119, 145] The solvated 

electrons can reduce Au3+ ions to Au0 based on the following reaction Au3+ + 3e𝑎𝑞
− → Au0, generating 

Au atoms in the solution. In this scenario, Au atoms may contribute to the growth of Au nanoparticle 
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through conventional chemical Ostwald Ripening instead of the electrochemical Ostwald Ripening. To 

further understand this, ex situ experiments were first carried out to eliminate the influence of electron 

beam. The morphology of ex situ deposited Au nanoparticles on MoS2 nanoflake is shown in Figure 3-9a. 

The HRTEM of Au nanoparticles on MoS2 is shown in Figure 3-9b. The (100)MoS2 with lattice spacing of 

2.7 Å and 1/3(42̅2̅)Au with lattice spacing of 2.5 Å can be clearly identified either from the HRTEM image 

or from the corresponding FFT shown in the inset. Figure 3-9c shows the EDS line scan data across an ex 

situ grown Au nanoparticle with the distinct energy peaks of Mo, S and Au. Second, the in situ control 

experiment was performed to further verify the formation of Au particles. An example TEM image of Au 

deposited on MoS2 with beam blocked is shown in Figure 3-9d. It is obvious that the ex situ and in situ 

deposited Au particles on MoS2 have a good agreement on the morphology. The Au particle size were 

analyzed and shown in Figure 3-9e, Figure 3-9f for ex situ and in situ control experiment without electron 

beam irradiation, respectively. For these two cases, there is no significant difference in terms of either 

interior or edge particles size distribution. In comparison with in situ experiment, around 7% and 12% 

decrease of mean particle sizes on the interior and edges of MoS2 can be identified. These results show 

that the nucleation and growth still happen without electron beam, and the trend that particles along edge 

are larger still valid. In addition, the slightly larger particle size both on the interior and along edges when 

electron beam is present suggests that the conventional chemical Ostwald Ripening may also happen due 

to direct reduction of Au3+ ions in the solution. However, the trend that Au particles on MoS2 edge were 

larger in comparison to the ones on interior remains the same for both ex situ and in situ conditions. These 

results also confirm that the nucleation and growth of Au nanoparticles on MoS2 still occur without 
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electron beam, which is consistent with the previous ex situ studies.[104, 107]  

 

 

Figure 3-9. (a) TEM image of ex situ deposited Au nanoparticles on MoS2. (b) HRTEM of ex situ 

deposited Au nanoparticles on MoS2 nanoflake. Inset shows corresponding FFT pattern. (c) HAADF 

image of an ex situ deposited Au nanoparticle on MoS2. EDS line scan data showing Mo, S, and Au peaks 

(signals from copper grid were excluded) that overlaid on the image. The scale bar is 10 nm. (d) TEM 

image of Au particles on MoS2 from in situ control experiment without electron beam irradiation. (e)(f) 

Au nanoparticles size distribution and the Gaussian fitting for the conditions of ex situ and in situ control 
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experiments without electron beam. The inset tables list calculated mean and standard deviation of Au 

nanoparticles diameter. 

 

 The schematics in Figure 3-10 summarize the Au nucleation and growth processes on MoS2 

nanoflakes based on our observations. The nucleation of Au starts from galvanic displacement of Au ions 

by accepting electrons from MoS2 nanoflake at initial stage (Figure 3-10a). Then electrochemical Ostwald 

ripening is triggered such that the larger nuclei grow even larger by combination of Au ions in solution 

and electrons transferred from smaller nuclei. Due to the loss of electrons, smaller nuclei dissolve Au ions 

into solution (Figure 3-10b). In this growth process, if S vacancies are present on MoS2 surface, 

electrochemical Ostwald ripening is hindered as the electron transfer pathway will be obstructed by 

scattering effect. The migration of Au nuclei is then greatly enhanced due to preferable adsorption and 

low diffusion barriers of the defective S sites. Concomitantly, nuclei with higher surface energy tend to 

coalesce into larger ones to become more stable (Figure 3-10c). 
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Figure 3-10. Schematic illustration of Au nanoparticle’s nucleation and growth on MoS2 nanoflake. (a) 

Galvanic displacement of Au ions to Au nuclei on MoS2 nanoflake. (b) Electrochemical Ostwald ripening 

process leading to the growth of the larger Au particle and dissolution of smaller Au particle on MoS2. (c) 

Diffusion and coalescence of Au particles close to S vacancy site.  

 

3.4 Conclusions 

The present work provides real-time observation of nucleation and growth processes of Au nanoparticles 

on ultrathin MoS2 nanoflakes by in situ liquid-cell TEM. The galvanic displacement of Au ions to Au 

nuclei on MoS2 was observed in real time when AuCl3 flow into the liquid cell. It was found that pristine 

MoS2 yield a growth mechanism in between diffusion-limited and reaction-limited model, possibly 

because of electrochemical Ostwald ripening. The growth of Au nanoparticles on interior of MoS2 follows 
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oriented attachment on {111} facets considering preferable adsorption. Au nanoparticles formed along 

MoS2 edge have a relatively larger size and variety of crystal orientations compared to the ones formed 

on the interior of MoS2. Differ from pristine MoS2, MoS2 with S vacancies hinder the electrochemical 

Ostwald ripening but promote diffusion and coalescence. The large difference of Au adsorption energy 

between edge and interior from DFT calculation explains the tendency of nanoparticles to grow into larger 

size at MoS2 edge. Furthermore, the generation of vacancies on MoS2 is shown to enhance the coalescence 

of nanoparticles due to formation of favorable nucleation center at the defective sites. This work shows 

that in situ liquid-cell TEM provides a feasible way to investigate the dynamic nucleation and growth 

processes of metal nanoparticles on ultrathin substrate. Further, the findings demonstrate how the substrate 

can affect the growth of deposited metal nanoparticles, and thus shed new insights on the design of 

substrate-supported catalysts. 

  



85 

 

Chapter 4 In situ gas TEM studies on sintering kinetics of MoS2 supported metal nanocatalysts 

in atmospheric gas environments 

(This Chapter is from my published article.[2] The permission is attached in Appendix.) 

4.1 Introduction 

Heterostructures formed from 2D substrate and supported nanoparticles have shown promising 

applications in catalyst,[105, 146-149] sensor,[142, 150-152] and energy storage fields.[153-155] Among 

the various 2D supports, MoS2 is of increasing interest due to its excellent activity for hydrogen evolution 

reaction (HER)[108] and chemical sensing.[142] Specifically, the heterostructures of MoS2 supported 

nano-size metal nanoparticles display better HER activity than commercial Pt/C catalyst, such as Pt-

MoS2,[156, 157] Rh-MoS2 composite,[158] Co-doped MoS2,[159] and Ni2P-MoS2,[160] with additional 

benefit of reducing expensive Pt loading in a catalytic system. 

A major challenge in catalysts is the degradation of catalyst nanostructures due to irreversible 

sintering during service conditions that involve exposure to various gases at elevated temperatures.[161] 

Such catalyst nanostructure coarsening usually results in loss of active surface area and intended catalytic 

properties. It is therefore crucial to develop reliable methods to control catalyst size, shape and prevent 

sintering especially in working environments. There are various examples: Pt decorated Co-Pd core-shell 

catalyst is shown to have high stability and better oxygen reduction reaction (ORR) activity than 

commercial Pt catalyst;[162] atomically dispersed dinuclear Ir catalysts anchored on α-Fe2O3 has been 

reported with good stability against detachment and aggregation;[163] Au-Pt core-shell star-shaped 
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decahedra displays high stability in ORR environments.[164] Further attention is paid on design of 

substrates to enhance metal-support interactions and inhibit catalyst particle migration,[165] such as spinel 

MgAl2O4 for Pt support,[166] porous carbon for Pt and PtCox,[167] and very recently 2D supports including 

graphene[168] and MoS2.[109] However, an in-depth understanding of anchor effects and degradation 

mechanisms for 2D substrates supported heterogeneous catalysts is still lacking.  

Recently various in situ experimental techniques are under fast development such as in situ X-ray 

scattering,[169, 170] in situ X-ray photoelectron spectroscopy (XPS),[171, 172] and in situ TEM[54, 168, 

173-182] to overcome the barrier of revealing catalyst dynamics. Among them, advances in the field of in 

situ environmental transmission electron microscopy (ETEM) provide opportunity to obtain both atomic 

structural and chemical composition information of particle evolution during catalytic reactions. To 

perform such ETEM studies, either the microscope column can be modified to enable the exposure of 

specimens to gas environment[183-189] or the specimen holder can be designed to accommodate the 

microfabricated gas-cell devices.[42, 47, 177, 190-198] The latter setup provides the possibility to observe 

samples in gases at atmospheric pressure with little resolution degradation, allowing the real time analysis 

of materials in operando conditions. For instance, the CO oxidation reaction on Pt/C was investigated and 

Pt nanoparticle surface reconstruction was captured in real time.[198] In another work, the transformation 

of PdCu nanocatalyst from spherical to truncated cubes was observed in H2 environment.[47] Very 

recently, formation of NiO shell over Pt-Ni bimetallic nanocatalysts during oxidation and reduction 

reactions were reported and an enhanced catalytic activity was found in Pt-NiO format.[43]  

Despite the extensive research on catalyst evolution in gases environment, how 2D supported catalysts 



87 

 

behave in gas and high temperature conditions is not well understood. For example, it is unclear whether 

a 2D heterostructure catalyst system can maintain good thermal stability against sintering especially 

during high temperature electrolysis operations that involves H2 gas.[199] Here, we report an in situ 

environmental gas-cell TEM study of sintering behavior of Pt and Au@Pt core-shell NPs on 2D MoS2 

support from RT to 400 °C in vacuum and N2, H2 and air at atmospheric pressure. MoS2 support exhibits 

sufficient stability during heating in vacuum, N2 and H2, while degradation of MoS2 is observed when 

heating in air. We found that sintering of Pt and Au@Pt on MoS2 in vacuum, N2 and H2 were mainly 

governed by PMC mechanism. More importantly, H2 plays vital role in controlling the degradation 

mechanism. High-resolution TEM (HRTEM) results reveal stronger diffusion and rotation of Pt NPs 

during coalescence in H2 than in vacuum environment. This is due to the Pt-H interactions that weaken 

the adhesion of Pt NPs on MoS2. In contrast, Au@Pt NPs display better stability than Pt in H2, especially 

for the smaller size Au@Pt NPs. This is attributed to H2 adsorption promotes the alloying effect on smaller 

Au@Pt NPs and results in reduced Pt-H interaction and increase of Pt in contact with MoS2 that lead to 

better sintering resistance at elevated temperatures. 

 

4.2 Experimental Section 

Chemicals. MoS2 powder (<2 μm, 99%, Sigma-Aldrich), gold chloride AuCl3 (>99.99%, Sigma-

Aldrich) and potassium tetrachloroplatinate K2PtCl4 (>99.9%, Sigma-Aldrich) were used as received.   

 

MoS2 synthesis and exfoliation. Bulk MoS2 powder was mixed with isopropyl alcohol (IPA) at a 
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concentration of 20 mg/mL. The mixture was first sonicated for 5 h in a bath sonicator (Branson 3800, 

40kHz, 110W), and then centrifuged at 2000 rpm for 30 min (Thermo Scientific, Legend Micro 21). The 

obtained supernatant was collected and centrifuged at 1500 rpm for 15 min. After that the sediment was 

taken out, washed twice with DI water and re-dispersed in fresh DI water before further characterization.  

 

Deposition of Pt and Au@Pt core-shell NPs on MoS2. Synthesis of Pt NPs on MoS2 is based on the 

method reported elsewhere[123]. In brief, 20 mM K2PtCl4 was added into MoS2 dispersion, followed by 

a 10 min UV irritation under an UV lamp (Blak-Ray B-100AP) at full intensity. The obtained MoS2 with 

Pt was then sonicated for 5 min, centrifuged at 5000 rpm for 10 min, and washed with DI water three 

times before characterization. 

Au@Pt core-shell NPs on MoS2 is based on a two-step seed growth method. 10 μL of 20 mM AuCl3 

aqueous solution was added into exfoliated MoS2 dispersion with mild shaking. A galvanic displacement 

reaction happens resulting in the spontaneously reduction of Au ions to Au seed deposited on MoS2.[1] 

The obtained solution containing MoS2 with Au seeds was centrifuged and washed with DI water two 

times before re-disperse in 4 mL DI water. 20 mM K2PtCl4 with 1:1 molar ratio of AuCl3 was then added, 

followed by UV irradiation for 10 min at full intensity. After 5 min sonication, the resulting solution was 

centrifuged and washed with DI water three times before any further characterization. Although these 

methods are ligand-free processes, it is worth mentioning that synthesis conditions may result in different 

NPs stability, therefore systemic studies are helpful to further elaborate this. 
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In situ gas flow TEM experiment. A gas-cell TEM holder with pair of silicon microchips 

(Hummingbird Scientific) was used (Figure 4-4a-c). Each of the microchips has an electron transparent 

silicon nitride (Si3N4) viewing window with 50 nm in thickness and 200 × 50 μm2 in dimension. Spacers 

with 250 nm thickness on one microchip are used to control the top and bottom distance in gas reactor. 

One droplet containing 1 μL liquid sample dispersion was added on one of the microchips with heater and 

dried under air. The viewing windows were aligned in parallel to provide a maximized viewing area. For 

in situ heating in vacuum without any gas, the window on small microchip was removed to leave a hole, 

and then paired with large microchip with sample on that. The gas channels on in situ gas holder were 

blocked to allow the sample stay in vacuum condition. For in situ heating in gas environments, 100% pure 

N2, H2 and air (containing ~21 vol. % O2) flow was introduced through gas channels with constant 

volumetric flow rate of 0.5 sccm. The pressure inside the cell is approximately 1 atmosphere. Local 

temperature at the sample area is controlled and monitored in real-time. Figure 4-4d shows the temperature 

profile for each in situ experiment. After loading the holder and flowing gas at RT for 30 min, the 

temperature was first ramped to 100 °C, followed by a 25°C increase every 5 min. After reaching 400 °C 

for 5 min the temperature was ramped down back to RT. Images were taken at RT, 100, 150, 200, 250, 

300, 350, 400 °C and back to RT, as indicated by red dots in Figure 4-4d. The electron beam was kept 

blocked except during initial TEM alignment, focusing and image acquisition. Acquisition time for each 

image was kept within 3s for each imaging period to minimize electron beam effects. All in situ 

experimental parameters were kept consistent except the sample ambience, and were carried out using a 

field emission JEOL 2100F microscope operated at 200kV. Filtered HRTEM images were obtained by 
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applying band-pass filter in DigitalMicrograph software. 

 

Electron microscopy characterization. The morphology of in situ microchips were characterized 

by a variable pressure SEM Hitachi S-3000N operated at 5 kV. For STEM and EELS characterization, 

deposited Pt and Au@Pt core-shell NPs on MoS2 were drop casted on lacy copper grid. Post situ sample 

on microchips were characterized using a self-designed (S)TEM specimen holder (patent pending). STEM 

images were acquired by a spherical aberration corrected JEOL JEM-ARM 200CF with a cold field 

emission source operating at 200 kV, at 22 mrad convergence semi-angle. False-color STEM images were 

obtained by ImageJ.[135] Energy dispersive spectrometer (EDS) spectra were acquired with Oxford X-

Max 100TLE windowless silicon drift detector. TrueMap was used for all EDS signal collection to correct 

the overlapping of Mo, S, Au and Pt signals. Electron energy loss spectra were acquired using a Gatan 

GIF Quantum spectrometer with an entrance aperture of 5 mm in dual-EELS mode. EELS maps were 

extracted from Mo L2,3 edges, S K edge, Au and Pt M4,5 edges using power law fitting background 

subtraction after energy drift correction and Fourier-ratio deconvolution.  

Density functional theory calculations. The DFT calculations are performed using the Vienna ab 

initio simulation package[200-203] with the Perdew-Burke-Ernzerhof (PBE)[204] and projector-

augmented wave potentials using a cutoff energy of 400 eV. Dispersion interactions are included using 

DFT-D2.[205] We also compared the results using Tkatchenko-Scheffler (TS) dispersion.[206, 207] The 

calculations are carried out using a 7x7 surface supercell for MoS2 where the Brillouin zone is sampled at 

the gamma point. The structural optimization is terminated when all force components are less than 0.01 
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eV/Å. The MoS2/Pt20 structure is obtained from our previous study.[123]  

 

4.3 Results and discussion 

Before in situ experiments, the morphology of synthesized Pt and Au@Pt core-shell NPs on MoS2 were 

characterized by atomic resolution scanning transmission electron microscopy (STEM).Figure 4-1a shows 

false-color high-angle annular dark-field (HAADF) image of pristine MoS2 nanoflake before metal NPs 

deposition. The nanoflake is in 2H phase on <001> zone axis with (001) basal plane perpendicular to 

electron beam. HAADF image in Figure 4-1b shows the Pt NPs grown on MoS2 support, with epitaxial 

relationship of (110)Pt parallel to (001)MoS2 basal plane. Figure 4-1c shows a lower magnification HAADF 

image including several Au@Pt NPs. Atomic resolution Au@Pt core-shell NP is shown in Figure 4-1d 

with fivefold twining on <110> zone axis, suggesting the same epitaxial relationship as Pt. Since the Z 

(atomic number) contrast difference between Au and Pt in HAADF image is not obvious to differentiate, 

energy-dispersive X-ray spectroscopy (EDS) and electron energy-loss spectroscopy (EELS) were 

performed to further determine the elemental distribution. Different from EDS mapping for pristine Pt 

(Figure 4-2a), mapping for Au@Pt shown in Figure 4-1e indicates an Au core and Pt outer layer. EDS line 

scan profile in Figure 4-2b and c shows another example of an Au@Pt NP. Similar to EDS, EELS mapping 

in Figure 4-1f suggests a core-shell structure for Au@Pt by extracting Au and Pt M4,5 edges from the core-

loss region. Detailed EELS maps including Mo L2,3 and S K edge as well as spectra collected at Au core 

and Pt shell regions are included in Figure 4-3.   
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Figure 4-1. Atomic structure and chemical characterization of Pt and Au@Pt core-shell nanoparticles on 

MoS2 support. False-color atomic HAADF images showing (a) MoS2 (b) Pt and (c, d) Au@Pt core-shell 

NPs on MoS2 support. The EDS (e) and EELS (f) mappings of Au, Pt, and the overlaid map. The yellow 

and magenta colors correspond to Au and Pt, respectively. 
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Figure 4-2. Energy-dispersive X-ray spectroscopy (EDS) profiles for Pt and Au@Pt on MoS2 support. (a) 

EDS mapping of Pt NPs on MoS2, showing the Mo, S, Pt and overlaid maps. (b) EDS spectrum over an 

Au@Pt NP. Inset shows the corresponding high-angle annular dark-field (HAADF) image. (c) EDS line 

scan profile with respect to b. Mo, S, Au and Pt are shown in blue, cyan, yellow, and magenta, respectively.  
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Figure 4-3. (a) Electron energy-loss spectroscopy (EELS) mappings of Au, Pt, Mo and S from Au@Pt 

NP as shown in Figure 1f in main text. (b) Core-loss EEL spectra extracted from boxed region 1 (core) 

and 2 (shell) corresponding to a. Mo L2,3 edges, S K edge, Au and Pt M4,5 edges are marked on the spectra. 

 

For in situ environmental gas-cell TEM experiment, a schematic illustration of specimen holder is 

shown in Figure 4-4a. The isolated environment formed by a pair of microchips allows continuous gas 

flow at atmospheric pressure inside the cell.[42, 177, 190] The obtained Pt and Au@Pt NPs on MoS2 were 

loaded onto one microchip with a heater layer, as shown in scanning electron microscopy (SEM) image 

in Figure 4-4b. A representative MoS2 nanoflake is marked by an arrow in higher magnification SEM 

image (Figure 4-4c). The temperature profile for each in situ experiment is shown in Figure 4-4d, with red 

dots representing the time when images were acquired. It is worth noting that resolution degradation due 

to window bulging effect for gas-cell TEM is much less than liquid-cell TEM since gases usually have 

density three orders of magnitude lower than general solutions used for liquid-cell TEM.[42] However, 



95 

 

samples located close to the corner and edge of Si3N4 window are preferentially selected for imaging to 

reduce multiple electron scattering and thus ensure a maximized imaging resolution.  

 

Figure 4-4. In situ gas-cell TEM system, microfabricated gas-cell devices and temperature profile. (a) 

Schematic of in situ gas-cell TEM to study catalytic reactions. (b) SEM image of the microchip with drop-

casted sample on it. Scale bar is 0.5 mm. (c) Higher magnification SEM image focusing on the Si3N4 

window area in b. The heater area is shown as brighter contrast region. Arrow points to a representative 

MoS2 nanoflake with NPs on it. Scale bar is 5 μm. (d) Temperature profile for each in situ experiment. 

Red dots represent the time at which image was acquired (more information in Methods). 

 

4.3.1 The effect of environment on nanoparticle degradation  

The in situ TEM experiments were performed to investigate the effect of environment on nanoparticle-

decorated 2D substrates. Firstly, the sintering behavior of Pt in vacuum during heating to 400 °C was 

investigated and shown in the TEM image sequences as Figure 4-5a. Regions marked with rectangle box 
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highlight exemplar areas where particle sintering happens. The coalescence of some Pt NPs can be seen 

gradually as temperature rise to 400 °C. When the environment changed to H2 as shown in Figure 4-5b, 

the coalescence of Pt NPs is more obvious compare to heating in vacuum. 

Next, for Au@Pt NPs on MoS2, Figure 4-5c depicts the morphological evolution during heating in 

vacuum. Coalescence is seen to happen clearly at exemplar regions marked with boxes. When heating in 

H2 environment (Figure 4-5d), in contrast, fewer evidences of coalescence of Au@Pt NPs were observed. 

The statistical variation of nanoparticle coalescence in different evaluated system is explained below. 

TEM images were collected from repeated experiments to extract statistical information regarding to 

particle size distribution (PSD), shown as violin plots for Pt in vacuum and H2 (Figure 4-5e and f) and 

Au@Pt in vacuum and H2 (Figure 4-5g and h) at temperatures of RT, 100, 200, 300 and 400 °C. The 

hollow circle indicates the mean particle size in each distribution. In these violin plots, the vertical 

distribution shows the size range of nanoparticle, while the horizontal distribution indicates the frequency 

(or density) of the observed nanoparticles at any particular size.   

Both Pt and Au@Pt NPs have narrowed size distribution with a mean particle size of around 4 nm at 

RT. For Pt NPs heating in vacuum (Figure 4-5e), as temperature increases broadening and a more 

lognormal-like PSD can be observed accompanied by the increase of mean particle size. It is known that 

particle sintering is mainly guided by two mechanisms: PMC and Ostwald ripening.[50] It has been 

reported that the enlargement of extended long tail in larger particle size region serves as direct evidence 

that sintering process is guided more through PMC than Ostwald ripening,[167, 208] which is similar as 

what are shown here for Pt NPs heating in vacuum (Figure 4-5e). For Pt NPs heated in H2 (Figure 4-5f), 
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the PSD has more extended lognormal-like tail and larger mean particle size than in vacuum, suggesting 

the same PMC mechanism but more significant sintering.  

For Au@Pt NPs in vacuum (Figure 4-5g), the broadening of PSD and extended tail indicate the PMC 

mechanism leading to sintering process. In contrast, Au@Pt NPs in H2 (Figure 4-5h) show a much less 

broadening of PSD and smaller extended tail compare to in vacuum, suggesting much less sintering. 

One should note that the MoS2 substrate did not show evidence of degradation when exposed to 

temperatures up to 400 °C in vacuum, N2, and H2 environments. Figure 4-6 show the selected area electron 

diffraction (SAED) patterns for Pt (Figure 4-6a) and Au@Pt (Figure 4-6b) on MoS2 collected at RT, and 

after heating and cooling to RT in H2, respectively. Diffraction spots from {100}MoS2 (marked with 

hexagonal lines) and {110}MoS2 remain unchanged in both experiments suggesting a stable MoS2 under 

H2 environment. No significant difference between diffraction rings from {111}, {200} and {220} before 

and after heating for both Pt and Au@Pt (marked with half circles). In situ heating in air flow containing 

21 vol. % O2 was also investigated but severe structural degradation of MoS2 support was observed, as 

shown in TEM and SAED patterns in Figure 1-13. The reaction between O plasma/O2 molecule and MoS2 

may explain the structural degradation of MoS2.[209] Therefore, air flow experiments were not involved 

in comparison of NPs sintering behaviors due to support degradation.  
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Figure 4-5. Morphological and statistical analysis of Pt and Au@Pt NPs on MoS2 during heating from RT 

to 400 °C in vacuum and H2. (a, b) TEM image sequences of Pt on MoS2 during heating to 400 °C in 



99 

 

vacuum and H2. (c, d) TEM image sequences of Au@Pt on MoS2 during heating to 400 °C in vacuum and 

H2. Scale bar is 20 nm for all images. (e, f) Violin plots of particle size distribution of Pt NPs during 

heating in vacuum and H2. (g, h) Violin plots of particle size distribution of Au@Pt NPs during heating in 

vacuum and H2. Hollow circles mark the mean particle size in each distribution. 

 

 

Figure 4-6. Selected area electron diffraction (SAED) patterns at RT, and after annealing in hydrogen (H2) 

and cooling down to RT for Pt (a) and Au@Pt (b) on MoS2. Diffraction spots from {100}MoS2 are marked 

with hexagonal lines. Diffraction rings from metal are marked with half circles. 

 

4.3.2 The effect of composition on nanoparticle degradation 

Here, the comparison is focused on the differences between Pt and core-shell Au@Pt NPs behavior under 

the same environment. For heating in vacuum, the PSD of Au@Pt NPs (Figure 4-5g) broadening and 

formation of extended long tail happens at relatively lower temperature compare to Pt (Figure 4-5e), 

suggesting a more obvious sintering process. In contrast, in H2 environment the Au@Pt NPs (Figure 4-5h) 

display slightly more sintering resistance than Pt (Figure 4-5f) as the smaller mean particle size.  
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To further understand such effect of composition, HRTEM imaging was performed in situ at each 

temperature focusing on individual NPs. For heating in vacuum, Pt and Au@Pt are shown in Figure 4-7a 

and b, respectively. Evidence of diffusion of Pt NPs (Figure 4-7a) can be seen from the shape change of 

NP #2 and decrease of its distance to NP #1, but without obvious coalescence. This is consistent with the 

PSD profile that Pt sintering in vacuum is less significant compare to that in H2. Au@Pt NPs (Figure 4-7b), 

however, diffuse and coalesce at relatively lower temperature (less than 200 °C) and both small and large 

NPs have tendency to diffuse on MoS2 support, as indicated by five NPs numbered 2, 3, 4, 5, 6 coalesced 

into one from RT to 200 °C. There is not much further morphological change at higher temperatures. 

These observations are again consistent with the Au@Pt PSD profile containing an extended long tail of 

larger NPs that indicate PMC. In addition, HRTEMs in Figure 4-8 depict the sintering behaviors of Pt and 

Au@Pt NPs in atmospheric N2 gas. Very similar as the condition of annealing in vacuum, in Figure 4-8a 

smaller Pt NPs (outlines close to particle #1) display migration and coalescence but the overall sintering 

is less aggressive compare to the condition that in H2 gas. The behavior of Au@Pt NPs (Figure 4-8b) is 

also similar as annealing in vacuum that obvious migration and coalescence of smaller NPs can be seen 

from RT to 200 °C (particle #2 and #3, particle #4 and #5). Since N-N bond is very hard to break, the 

interactions of N2 on Pt and Au@Pt NPs are almost negligible compare to H2 gas. Therefore, there is no 

anticipated difference in sintering behaviors between annealing in vacuum and in N2 gas. The consistency 

of NPs behaviors shown in vacuum and N2 gas further confirms that N2 does not induce extra effect on Pt 

and Au@Pt NPs sintering mechanism.  
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Figure 4-7. Pt and Au@Pt NPs annealing in vacuum condition. (a) High-resolution TEM (HRTEM) 

images of Pt NPs sintering from RT to 400 °C. (b) HRTEM images of Au@Pt NPs sintering from RT to 

400 °C. Scale bars are 5 nm. Exemplar NPs are outlined and marked with numbers for ease of discussion. 

 

Figure 4-8. Pt and Au@Pt NPs annealing in nitrogen (N2) gas. (a) HRTEM images of Pt NPs sintering 
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from RT to 400 °C. (b) HRTEM images of Au@Pt NPs sintering from RT to 400 °C. Scale bars are 5 nm. 

Exemplar NPs are outlined and marked with numbers for ease of discussion. 

 

For the case of heating in H2 environment, example of Pt NPs sintering under H2 (Figure 4-9) clearly 

depicts the PMC process. In the HRTEM image series (Figure 4-9a) the orientation of three similar size 

Pt NPs can be resolved (identified as 1, 2, and 3). Particle 2 undergoes partial coalescence with Particle 3 

at 250 °C, followed by second coalescence with Particle 1 at 400 °C, as indicated by the outlines in frames 

#1, 5 and 8. The dot on each particle represents the location of the center of mass and its diameter is 

proportional to the particle size. Figure 4-9b shows the fast Fourier transform (FFT) patterns at region of 

particles 1, 2, 3 in frames #1, 5 and 8. The white hexagons indicate diffraction spots from six <100>MoS2 

directions and also confirms that (001)MoS2 basal plane is perpendicular to the viewing direction. These 

unchanged {001}MoS2 patterns again suggest the support is stable in the selected temperature range. In 

each FFT, diffraction spots from (111)Pt and (200)Pt are highlighted by green and yellow circles to analyze 

the orientation relation with MoS2 basal plane. It was found that the migration of Pt NPs also involves 

particle rotation evidenced through the change of [111]Pt and [200]Pt directions. For instance, [200] 

direction of Particle 1 remains unchanged from RT (frame #1) to 250 °C (frame #5), while at 400 °C 

(frame #8) this (200) plane disappeared after coalescence with particle 2 and 3, accompanied by formation 

of new (111) planes. Similarly, particles 2 and 3 both undergo complex rotations and reconstructions 

involving the change of [111] and [200] directions during coalescence. It is interesting to note that the 

misalignment angle between [111]Pt and one [100]MoS2 direction can change dramatically during particle 
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coalescence, marked as 3°, 27°, 20°, 13° for Particle 2 at RT (frame #1), the right portion of Particle 2 and 

3 at 250 °C (frame #5), and the left and right portion of Particle 1, 2 and 3 at 400 °C after coalescence 

(frame #8). In addition, the irregular angles between certain [111] and [200] directions indicate the 

formation of twining in all coalesced Pt particles. The PMC processes are further shown in Figure 4-9c by 

the center of mass evolution of each particle, with the spot diameter proportional to particle size. In 

comparison with sintering behavior of Pt NPs in vacuum environment, H2 is promoting the diffusion and 

coalescence by increasing the NPs migration distance. Again, these observations are consistent with the 

PSD profile containing an extended long tail of larger NPs that indicates PMC. Although direct evidence 

of Ostwald ripening that Pt adatom migrating from small particle towards large particle is beyond 

observation capability, it is still more plausible that the Pt sintering under atmospheric pressure H2 is 

guided by PMC because 1) Ostwald ripening usually involves both particle growth and shrinking and 2) 

does not induce obvious migration.[185] The slight size increase of each Pt before coalescence suggests 

Ostwald ripening may also happen by sacrificing tiny NPs but is less significant.  

 

Figure 4-9. HRTEM of Pt NPs crystallinity evolution during sintering. (a) HRTEM image sequences of 
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Pt NPs sintering on MoS2 under H2 from RT to 400 °C. Three NPs are identified with dashed outlines and 

marked as 1, 2, and 3. (b) FFT of Pt NPs 1, 2 and 3 in frames #1, #5 and #8 in a. Diffraction spots from 

{100}MoS2, (111)Pt and (200)Pt are shown in white, green and yellow, respectively. (c) Center of mass 

evolution of the Pt NPs corresponding to a. Arrows indicate the coalescence process.  

 

For the sintering behavior of Au@Pt in H2, it is important to take the size effect into consideration when 

compare to Pt NPs in H2. Therefore, the discussion will be fully expanded in the subsequent section. 

 

4.3.3 The effect of particle size on nanoparticle degradation  

In Figure 4-5f, the PSD of Pt NPs in H2 indicates a gradual loss of smaller Pt NPs at higher temperature. 

However, it is interesting to note that the PSD for Au@Pt in H2 (Figure 4-5h) shows a heavier density of 

small particle (< 5 nm) even at 400 °C, resulting in a less symmetric distribution compare to other 

conditions. This indicates the less loss of smaller Au@Pt NPs in H2 environment.  

To fully understand the particle size effect, HRTEM was performed in situ on small and larger NPs 

for both Pt and Au@Pt. For the case of Pt heating in H2, Figure 4-10a shows the evolution of a larger (> 

10 nm) Pt NP in the center and several surrounding smaller (<5 nm) NPs during heating. At room 

temperature, six particles with ~2 nm in diameter are clearly distinguishable around the central Pt particle. 

As temperature rises, these smaller particles gradually diffuse closer to the central one and merge together. 

At temperatures above 300 °C all the smaller particles have disappeared. By masking the spots from FFT 

for each HRTEM, the outline of particles (Figure 4-10b) corresponding to each frame in Figure 4-10a 
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better illustrates the sintering process that involves migration of smaller particles towards central larger 

particle as well as coalescence when they come in contact. The Pt (200) plane in the central particle is 

identifiable and can be used to determine crystal domains (pink regions). Contrast between two (200) 

domains (blue stripes) suggests the necking region. During the coalescence of smaller particles, (200) 

domains in the central particle slightly enlarged but maintained a fixed direction, suggesting it is relatively 

more stable than the smaller surrounding Pt particles. These results suggest that smaller Pt NPs are less 

stable than larger Pt NPs in H2. 

 

Figure 4-10. HRTEM of Pt NPs sintering with different sizes. (a) HRTEM image sequences of Pt NPs on 

MoS2 under H2 from RT to 400 °C. (b) Outline of the projected area of Pt NPs corresponding to a. 

 

For Au@Pt core-shell NPs in H2, the sintering behavior is presented in Figure 4-11. The TEM image 
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series in Figure 4-11a show a relatively larger Au@Pt in 10 nm size during heating, with the center of 

mass marked by hollow circles. From RT to 300 °C there is slight surface reconstruction induced particle 

shape change, but the migration of the NP is not apparent. When the temperature is above 300 °C, 

migration becomes obvious with a clearer change in the center-of-mass location. The particle became 

faceted with formation of more distinct corner and edges outlined in the last four frames. By comparing 

one of the diagonals, a 69° rotation from 350 °C to 400 °C can be observed, suggesting the migration is 

accompanied by particle rotation as well. Similar to Pt on MoS2, such dynamics happen on Au@Pt NPs 

could be the main reason of particle coalescence and size increase. However, in contrast to larger Au@Pt, 

the smaller size Au@Pt NPs behave differently as shown in HRTEM image series in Figure 4-11b. The 

two outlined particles in size of ~3 nm display no obvious migration from RT to 400 °C. Filtered HRTEM 

images in Figure 4-11c give a clearer view of the lattice of (111)Au@Pt in the larger particle, and the distance 

between two particles remains 4 nm, indicating the absence of both rotation and migration. FFTs 

corresponding to Figure 4-11b shown in Figure 4-11d indicate that there is no change in the misalignment 

angle between [111]Au@Pt and one of the [100]MoS2 direction, again confirming that such small Au@Pt NP 

has no rotation during the whole heating process. This significantly diminished diffusion and coalescence 

of small size Au@Pt NPs is consistent with the PSD that heavier density of smaller particles is present at 

higher temperatures. In addition, the smaller size Au@Pt display even better stability compare to similar 

size Pt NPs, again consistent with the PSD profile in Figure 4-5.  



107 

 

 

Figure 4-11. TEM and HRTEM analysis of Au@Pt NPs on MoS2 during heating in H2. (a) TEM image 

sequence of a 10 nm Au@Pt NP on MoS2 in H2. Black lines outline the NP boundary and hollow circles 

mark the location of center of mass. (b) HRTEM image sequence of several smaller Au@Pt NPs (≤ 5 nm) 

on MoS2 in H2. Two exemplar Au@Pt NPs are outlined with black lines. (c) Filtered images corresponding 

to b. (111)Au@Pt is marked in green and distance between two NPs marked with arrows (d) FFT of TEM 

image sequence in b. Diffraction spots from {100}MoS2 and (111)Au@Pt are shown in white and green. 

 

To fully understand the particle size effect, analytical EDS and EELS characterization on post situ 

Au@Pt samples was carried out on smaller and larger Au@Pt NPs on MoS2. Figure 4-12 shows EELS 

mappings of Au@Pt NPs after heating in vacuum. It can be seen that both smaller (Figure 4-12a) and 

larger (Figure 4-12b) NPs maintain the core-shell structure after heating, suggesting no significant NPs 

structural change when there is no H2 gas. In sharp contrast, EDS mappings in Figure 4-14a-b and EELS 
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mappings in Figure 4-13 show that larger NPs maintained roughly core-shell structure after heating in H2, 

while these mappings do not seem to reveal a clear core-shell structure for smaller Au@Pt NPs (mostly 

less than 5 nm). Therefore, it is suggested that these smaller Au@Pt NPs underwent a core-shell to alloy 

transformation. Based on DFT calculations, the processes of swapping Pt and Au atoms close to the edges 

of NPs are feasible with low energy barriers of ~ 0.2 eV (Figure 4-15). The observation suggests that 

smaller Au@Pt NPs are more likely to be alloyed than larger ones in H2 at elevated temperatures due to 

shorter diffusion distance of surface Pt toward the core and bottom Au toward the interior of NPs, and H2 

is essentially playing a vital role in promoting the small NPs alloy formation.  

 

Figure 4-12. Post situ EELS mappings of Au@Pt NPs after annealing in vacuum in (a) small and (b) large 

size.  
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Figure 4-13. Post situ EELS mappings of Au@Pt NPs after annealing in H2 in (a) small and (b) large size.  

 

Figure 4-14. (a, b) Post situ EDS analysis on Au@Pt NPs after heating in H2 in large and small sizes, 

respectively. (c) The MoS2 supported 20-atom NPs models with different Au/Pt ratios. The strongest H 

adsorption sites for each structure are indicated by red dots. The 𝛥𝐺H of the adsorption sites are listed in 

parenthesis. (d) Adhesion energies of the NPs as function of number of Pt in contact with MoS2 support. 

The trends are shown as purple and orange lines for the NPs with and without H∗, respectively. 
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Figure 4-15. The reaction pathways of the diffusion of atoms close to the Au@Pt edge. The reaction 

details are shown in the corresponding-colored boxes. 

 

To help better understand the effect of H2, composition and size in sintering behaviors of Pt and 

Au@Pt core-shell NPs on MoS2, DFT calculations were performed to analyze H2 dissociation, H2 →

H∗ + H∗ , on Pt, Au and Au@Pt NPs surfaces and their effects on NPs stability. The thermodynamic 

accessibility of H2 dissociation is studied using the hydrogen chemisorption Gibbs free energy 𝛥𝐺H 

defined as,  

𝛥𝐺H = 𝛥𝐸ads + 𝛥𝐸ZPE − 𝑇𝛥𝑆, 

with 

∆𝐸ads = 𝐸𝑁𝑃/MoS2/𝑛H − 𝐸𝑁𝑃/MoS2
− 0.5n𝐸H2(g), 

 

where 𝐸𝑁𝑃/MoS2/H  and 𝐸𝑁𝑃/MoS2
  are respectively the total energies of a system with 𝑛  adsorbed 
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hydrogen atom(s) H∗  and with no hydrogen. 𝐸H2(g)  is the energy of H2  molecule in vacuum. The 

difference in zero-point energy 𝛥𝐸ZPE between H∗ and H2(g) is approximated to 0.04 eV, which is the 

value obtained on metal surfaces.[210] At 𝑇 = 298 K, experimental results were used to estimate the 

entropic contribution 𝑇𝛥𝑆 = −0.2 eV.[210] With a positive 𝛥𝐺H, hydrogen in gas phase is more stable 

than in adsorbed state, and vice versa for a negative 𝛥𝐺H. Next, models of MoS2 supporting 20-atom NPs 

were employed to study the single hydrogen atom adsorption events, namely the alloys AuiPtj at different 

atomic ratios of 𝑖 and 𝑗 as well as pure Au20 and Pt20 NPs, as shown in Figure 3-7c. Note that Pt13Au7 

is investigated under three different configurations as shown in Figure 4-16, named as α，β and γ. The 

strongest H adsorption site is at the bridge sites between two metal atoms. Comparing these systems, ΔGH 

is the most negative for Pt17Au3 and Pt13Au7
α followed by Pt7Au13 and Pt20, and is the least negative for 

Au20. Such information implies that the hydrogen dissociation is the most thermodynamically favorable 

on Pt17Au3 and Pt13Au7
α and the least for Au20. In addition, the reaction pathways of hydrogen dissociation 

(Figure 4-17) on Pt20 and Pt13Au7
α

 NPs are barrierless, which is in accordance with the low ΔGH of -0.54 

and -0.69 eV, respectively. In contrast, a relatively high barrier of 0.42 eV is observed on Au20 NP with 

ΔGH = -0.13 eV. The density of states (DOS) of the NPs, as shown in Figure 4-18, explain the hydrogen 

adsorption events. For Au20 with the metallic d-band located far below the Fermi level (𝐸 − 𝐸𝐹 = 0), as 

indicated by the peak of d-band (𝐸𝑝), its interaction with H∗ is relatively weak compare to Pt20 and the 

alloyed NPs with the d-band located close to the Fermi level. This is explained by the d-band theory; upon 

hydrogen adsorption, the d-band splits into bonding and anti-bonding states located below or above 𝐸𝑝, 

respectively, and the filling of the anti-bonding states make the system less stable. For Au20 that has a 
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lower 𝐸𝑃 , its antibonding states are located more closer to 𝐸𝐹  thus are more easily to be occupied 

comparing to Pt20 and alloyed NPs which have higher 𝐸𝑝 . This suggests that Au is more inert to H2 

dissociation compared to Pt and Au@Pt NPs and therefore provides the evidence that the stabilities of Pt 

and Au@Pt in hydrogen ambient can be affected by structural change induced by hydrogen adsorption. 

To shows this more, the stabilities of the NPs on MoS2 support are gauged from the adhesion energy 

defined as, [121, 122] 

𝐸𝑎𝑑ℎ = (𝐸𝑁𝑃/𝑀𝑜𝑆2
− 𝐸𝑁𝑃 − 𝐸𝑀𝑜𝑆2

)/𝐴,  

where 𝐸𝑁𝑃/𝑀𝑜𝑆2
, 𝐸𝑁𝑃 and 𝐸𝑀𝑜𝑆2

 are the DFT energies of the MoS2 supported NP, non-supported NP 

and MoS2, respectively, 𝐴 is the contact surface area between MoS2 and NPs. The impact of hydrogen 

adsorption on 𝐸𝑎𝑑ℎ can also be determined where 𝐸𝑁𝑃/𝑀𝑜𝑆2
 and 𝐸𝑁𝑃 represent the DFT energies of 

the MoS2 supported and non-supported NPs with H∗ . The hydrogen adsorption configurations are 

obtained by occupying the strong adsorption sites evaluated by single-hydrogen adsorption events, as we 

have previously shown that H∗ − H∗ repulsions have minimal effects on the hydrogen configurations for 

surfaces with strong hydrogen interaction.[211] Figure 4-14 and the values in Table 4-1 show the 

decreasing trend of 𝐸𝑎𝑑ℎ with the increasing number of Pt in contact with MoS2 surface for the NPs with 

and without H∗. It can be concluded that H∗ decreases NPs stabilities for most of structures. Furthermore, 

the temperature effect on NPs’ stability is also analyzed by calculating temperature-dependent adhesion 

energies 𝐸𝑎𝑑ℎ(𝑇) with and without H∗.The temperature-dependent adhesion energies are defined as, 

𝐸𝑎𝑑ℎ(𝑇) = 𝐸𝑎𝑑ℎ + Δ𝐹𝑣𝑖𝑏(𝑇, 𝑉)  
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with 

𝐹𝑣𝑖𝑏(𝑇, 𝑉) = 𝐸𝑣𝑖𝑏 − 𝑇𝑆𝑣𝑖𝑏 

where the phonon energy 𝐸𝑣𝑖𝑏 and entropy 𝑆𝑣𝑖𝑏 are defined as, 

𝐸𝑣𝑖𝑏 =
1

2
∑ ℎ𝜈𝑖

𝑖

+ ∑
ℎ𝜈𝑖𝑒

−
ℎ𝜈𝑖
𝑘𝛽𝑇

1 − 𝑒
−

ℎ𝜈𝑖
𝑘𝛽𝑇𝑖

 

 

𝑆𝑣𝑖𝑏 = 𝑘𝛽 ∑ (
ℎ𝜈𝑖

𝑘𝛽𝑇
)

𝑒−ℎ𝜈𝑖/𝑘𝛽𝑇

1 − 𝑒−ℎ𝜈𝑖/𝑘𝛽𝑇

𝑖

− 𝑘𝛽 ∑ ln (1 − 𝑒
−

ℎ𝜈𝑖
𝑘𝛽𝑇

𝑖

) 
 

Here 𝜈𝑖 is the phonon frequency, and 𝑘𝛽 is Boltzmann constant. In Figure 4-19. The 𝐸𝑎𝑑ℎ(𝑇) of Pt20, 

Pt13Au7α and Au20 as a function of temperature. The trends are shown as purple and orange lines for the 

NPs with and without H∗, respectively., we show the 𝐸𝑎𝑑ℎ(𝑇) of Pt20, Au20, and Pt13Au7
α NPs with and 

without hydrogen adsorption. On Pt20 NP, the 𝐸𝑎𝑑ℎ(𝑇) increases with increasing temperature, suggesting 

that the supported Pt20 NP becomes less stable on MoS2 at higher temperature. In contrast, the stability of 

Au20 and Pt17Au3
α NP shows an opposite trend that its 𝐸𝑎𝑑ℎ(𝑇) decreases with increasing temperature. 

The change of 𝐸𝑎𝑑ℎ(𝑇) in the interested temperature range of -273 °C to 400 °C is less than 0.1 𝐽/𝑚2 

for all the NPs without hydrogen and for Pt20 with hydrogen, and is in between 0.1 ~ 0.2 𝐽/𝑚2  for 

Pt13Au7
α and Au20 with hydrogen. As a result, the overall NPs stability affected by temperature is less 

significant compare to hydrogen adsorption. 
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Figure 4-16. The Pt13Au7 NPs with different structures named as α，β and γ.   

 

 

Figure 4-17. The reaction pathways of hydrogen dissociation on Pt20, Pt13Au7
α and Au20. The structures 

of the transition states of the three NPs are similar, thus only side view of Pt13Au7
α is shown as an example. 
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Figure 4-18. (a-e) The density of states (DOS) for the structures shown in Figure 4-14c. Fermi level is 

marked by red dash lines. (f) 𝛥𝐺H of the structures in Figure 4-14c as a function of metallic d-band peaks. 

For alloys, the metallic d-band peaks are determined by the sum of the DOS from Au and Pt.  
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Table 4-1. The stabilities of NPs with and without adsorbed H. The number of adsorbed H and the number 

of Pt/Au in contact with MoS2 are provided. 
 

Pt/Au with MoS2 J/m2 (without H) J/m2 (with H) # of H∗ 

Pt20 12/0 -5.40 -4.40 19 

Pt17Au3 9/3 -4.37 -4.42 21 

Pt13Au7
α 6/6 -4.26 -4.06 13 

Pt13Au7
β 8/4 -4.53 -4.12 13 

Pt13Au7
γ
  5/7 -4.07 -3.79 13 

Pt7Au13 0/12 -3.25 -3.03 15 

Au20 0/12 -2.53 -2.66 9 

 

 

Figure 4-19. The 𝐸𝑎𝑑ℎ(𝑇) of Pt20, Pt13Au7
α and Au20 as a function of temperature. The trends are shown 

as purple and orange lines for the NPs with and without H∗, respectively.  
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Figure 4-20. Schematic illustration of (a, b) Pt and (c, d) Au@Pt core-shell NPs behavior on MoS2 at RT 

and higher temperature up to 400 °C in H2 environment.  

 

Combining all the experimental and theorical analysis, the NPs degradation kinetics on MoS2 can be 

schematically illustrated in Figure 4-20. Schematic illustration of (a, b) Pt and (c, d) Au@Pt core-shell 

NPs behavior on MoS2 at RT and higher temperature up to 400 °C in H2 environment.. Overall, the NPs 

stability is affected by surface reaction with ambient atmosphere and interaction with the support.[165] 

Under vacuum or N2 environments, the NP-support interaction is a critical factor that control sintering 

behaviors. In this case, the Au@Pt NPs display less stability compare to Pt NPs on MoS2, due to less Pt 

in contact with MoS2. For Pt NPs on MoS2 in H2 (Figure 4-20a and b), hydrogen adsorption weakens NPs 

adhesion with MoS2 at RT and elevated temperatures, resulted in more diffusion and migration of NPs on 

the support. In contrast, Au@Pt NPs in H2 display better sintering resistance compare to Pt in H2 
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environment. This can be explained by H2 induced size-dependent structural change in Au@Pt NPs 

(Figure 4-20c and d). As temperature rises, small NPs are easier to transform into alloy than large NPs due 

to H2 dissociation, resulting in a decrease of surface Pt atoms and an increase of Pt in contact with MoS2 

support. Therefore, such H2 promoted alloying kinetics enhances the stability of small size Au@Pt NPs 

due to two reasons: 1) the decrease of surface Pt mitigates the metal-H interactions and thus reduces the 

hydrogen adsorption induced weakening of adhesion with MoS2, and 2) the increase of Pt in contact with 

MoS2 strengthens the anchoring of NPs on MoS2 support. Experimentally, this is seen as relatively stable 

small Au@Pt while rotation and diffusion of similar size Pt NPs under H2 gas. Furthermore, it is 

worthwhile to mention that the physical properties of support materials, such as surface morphology, can 

also influence the degradation mechanism. This can be seen from the sintering behaviors of commercial 

Pt/C under H2 gas as shown in Figure 4-21. The circles highlighted regions that Pt NPs undergo very 

complex dynamics involving migration and coalescence and possibly Ostwald ripening due to both 

movement and diminish of small NPs. In addition, morphology change of carbon indicates the support is 

not stable at elevated temperature under H2 and thus will have extra impact on sintering mechanisms. It 

has been reported that porous carbon support such as high surface area carbon can constrain the NPs and 

enhance the sintering resistance compared to solid carbon such as Vulcan.[167] Correspondingly, a flat 

support allows more free movements of NPs and thus tend to enhance the mobility. In our condition, MoS2 

provides a smoother 2D surface than carbon support so the NPs rotation and migration can be easier when 

particle-support adhesion is weak for the case of Pt in H2 and thus allow further oriented attachment for 

particle coalescence. As such, Pt and Au@Pt NPs sintering behavior on MoS2 can be more possibly guided 
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by PMC. 

 

Figure 4-21. TEM images of Pt/C annealing in H2 flow from RT to 400 °C. The scale bar is 20 nm. 

Circular outlines highlight the exemplar regions where sintering happens. 

 

 

4.4 Conclusions 

The present work provides study of catalysts sintering dynamics of Pt and Au@Pt on MoS2 nanoflakes 

under vacuum and various gases environment including N2, H2 and air by in situ gas-cell TEM approach. 

It is found that type of environment, size of NPs, and composition modification (core-shell design) are 

important factors in controlling the degradation mechanism over MoS2 substrates. The observations are 

summarized as: Effect of environment: while it was found that PMC was the main mechanism that led 

to Pt and Au@Pt NPs degradation under vacuum, N2 and H2 environments, the degradation of MoS2 

substrate was prominent under exposure to air at high temperatures. In addition, the Pt NPs were less 

stable under H2 environment when compared with the Pt NPs under vacuum or N2. This was explained by 

Pt-H interactions that weakens the adhesion of Pt with MoS2. Effect of NP composition: under H2, the 

stability of Au@Pt NPs was higher in comparison to Pt NPs. This phenomenon was attributed to H2 
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interactions with metals by promoting the alloying of Pt-Au thus reducing the number of Pt at the surface 

(reducing H2 dissociation) and increasing Pt atoms in contact with MoS2. Effect of particle size: The 

alloying effect promoted by H2 was more pronounced in small size Au@Pt NPs resulting in higher 

sintering resistance in comparison to large size Au@Pt NPs and similar size Pt NPs. Therefore, how 

Au@Pt core-shell structure influence the thermal degradation of NPs in atmospheric gas environment are 

demonstrated. These findings suggest that although H2 decreases sintering resistant of Pt NPs on MoS2, 

the core-shell NPs can be stabilized by carefully designing their structure and composition taking 

advantage of metal-gas interactions. In addition, insights on how 2D supports influence degradation 

behaviors of pristine and bimetallic core-shell NPs could benefit the future design of substrate-supported 

catalyst with better sintering resistance. We believe the presented in situ study is crucial for understanding 

catalyst behaviors in condition that closer to real applications such as at elevated temperatures and with 

exposure to various atmospheric gases.  
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Chapter 5 In situ gas TEM studies of redox-induced phase segregation in high-entropy alloy 

nanoparticles  

(Partial of this Chapter is from my published article [3]. The permission is attached in Appendix.) 

5.1 Introduction 

Corrosion, the oxidation between materials and their service environments involving interfacial chemical 

or electrochemical reactions, is one of the most common causes of material failure during service resulting 

in an annually global cost of 2.5 trillion US dollars.[212] The raising awareness of corrosion and the 

problem that it causes is attracting significant efforts focusing on development of corrosion resistance 

materials as well as strategies for corrosion removal. Understanding the involved key reactions including 

how oxidation and reduction happens at materials and environments interface serves as essential guidance 

for exploring advanced corrosion resistance materials. Based on the conventional principle of alloying 

lower concentration secondary element(s) to form passive protective layer and thus preventing further 

reaction with oxidant, existing designs focus mainly on binary or ternary compound and alloys such as 

stainless steel,[213] aluminum alloys,[214] and nickel alloys[215]. Although some satisfying corrosion 

resistance can be achieved,[216-219] the recent fast developed industries have been calling for 

extraordinary structural and high temperature properties especially in applications of aerospace and energy 

related fields. High-entropy alloys (HEAs), an emerging alloy compound involving five or more principle 

elements in the form of homogeneous mixed disordered solid solutions, is attracting increased attention 

because of their superior properties compared to conventional alloys including high mechanical strength, 
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high thermal stability, and better corrosion resistance[220-223]. The successful fabrication of such HEAs 

have emerged rapidly over the last two decades involving bulk melting[224, 225], solid-state 

processing[226-228], physical vapor deposition[229], and additive manufacturing[230-232]. Notably, the 

lately developed carbothermal shock method[233] allows incorporating multiple metal elements into 

single HEA nanoparticles (HEA NPs) and thus opens wide possible applications in catalysis, electronics, 

structural alloys, and so forth. The recently developed scalable aerosol synthesis[234] method takes a 

further step towards production of HEA NPs in bulk manufacturing quantities with full potential for 

industrial applications.  

 

Similar to conventional alloys, industrial service environments for HEAs usually involve critical 

conditions such as exposure to high-temperature and oxidizing/reducing gases, acidic and chloride-

containing solutions[235]. Several studies have been devoted to understand the corrosion behaviors of 

HEAs such as oxidation in air[236-240]and oxygen-containing atmospheres.[241] However, these studies 

are focused on bulk HEAs and there is still very limited knowledge of how HEA NPs behave under such 

environments. One of the key challenges for such nanometer-size HEA NPs is in obtaining structural and 

compositional information at the atomic scale, which requires advanced characterization techniques 

including transmission electron microscopy (TEM). Recently, the development of in situ environmental 

TEM (ETEM) with capability of exposing sample into gas environments opens the possibility to study 

materials behavior under realistic application conditions. Among of the two approaches of ETEM where 

either electron microscope’s column is modified to allow sample exposure to gas environments[52, 53, 
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188, 189, 242] or specialized holder is utilized for a sealable gas-cell[42, 43, 47, 193, 194, 196], the latter 

enables observation of the sample in atmospheric pressure gas environments that closely mimic actual 

application conditions. Material behavior under redox reactions are captured including facet evolution of 

Pt NPs[196] and PdCu[47], phase segregation in bimetallic Pt-Ni NPs[43] and PdCu[193], and sintering 

of Co NPs[194], Pt and core-shell NPs[2]. Benefiting from the in situ gas-cell TEM, we studied the high 

temperature oxidation and reduction behaviors of Fe0.28Co0.21Ni0.20Cu0.08Pt0.23 HEA NPs in atmospheric 

air and H2 environments. The structural and compositional evolution during redox reactions at 400°C are 

captured in real time through (S)TEM imaging, EDS and EELS analyses. It was found that the HEA NPs 

are oxidized with logarithmic rate constants and are guided by Kirkendall effect involving outward 

diffusion of transition metals including Fe, Co, Ni and Cu. Anisotropic oxidation is observed on adjacent 

HEA NPs in a way that oxide initiate at connecting interface. The oxide layer is found to have a disordered 

mixture of Fe3+, Co2+, Ni2+ and Cu2+ in oxidation states with detected localized ordering belonging to 

Fe2O3, CoO, NiO and CuO crystal lattices. Hybrid Monte Carlo/ molecular dynamics simulations based 

on first-principles calculations support these findings and show that under oxidizing conditions there is a 

preferential surface segregation of Fe, Co, Ni, and Cu while Pt remains in the core of the NP. In reduction 

environments, the oxide layer expanded and transformed to porous structure as H2 takes away oxygen. 

Oxidized Cu can be fully reduced into Cu NPs while Fe, Co, and Ni are rarely fully reduced. Lastly, we 

show that thermal pretreatment in H2 environment can serve as an effective strategy in preventing further 

oxidation of HEA NPs.  

 



124 

 

5.2 Experimental Section 

HEA NPs synthesis. HEA NPs containing Fe, Co, Ni, Cu, and Pt were synthesized based on the 

method in previous study[234] and stored in glove box under Ar. The as-prepared sample were dispersed 

in ethanol and sonicated for 2 min in a bath sonicator (Branson 3800, 40kHz, 110W) before TEM 

experiments. 

 

In situ TEM experiment in vacuum. A furnace based heating holder (Gatan, Inc.) is used for heating 

experiments in vacuum condition. HEA sample dispersion is drop-casted onto Mo grid and then inserted 

into a spherical aberration corrected JEOL JEM-ARM 200CF with cold field emission source operating 

at 200 kV. Temperature was ramped up from RT to 400 °C with a 100 °C interval every 1 hr, and ramped 

down to RT after another 1 hr staying at 400 °C.  

 

In situ gas flow TEM experiment. A gas-cell TEM holder with pair of silicon microchips 

(Hummingbird Scientific) was used (Figure 5-3a). Each of the microchips has an electron transparent 

silicon nitride (Si3N4) viewing window with 50 nm in thickness and 200 × 50 μm2 in dimension. Spacers 

with 250 nm thickness on one microchip are used to control the top and bottom distance in gas reactor. 

One droplet containing 1 μL HEA sample dispersion was added on one of the microchips with heater and 

dried under air. The viewing windows were aligned in parallel to provide a maximized viewing area. For 

in situ annealing in gas environments, 100% pure N2, air (containing ~21 vol. % O2) and 100% pure H2 

was introduced through gas channels with constant volumetric flow rate of 0.5 sccm. The pressure inside 
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the cell is approximately 1 atmosphere. Local temperature at the sample area is controlled and monitored 

in real-time. After loading the holder and flowing gas at RT for 30 min, the temperature was ramped up to 

400 °C within 2 min and kept constant afterwards. When finished the temperature was ramped down back 

to RT within 1 min. Unless otherwise specified, the electron beam was kept blocked at all time except 

initial TEM alignment, focusing and image acquisition to minimize electron beam effects. All in situ TEM 

experiments were carried out using a field emission JEOL 2100F microscope operated at 200kV. The 

three-window method was employed to map the Fe and O distribution by EFTEM. For Fe L-edge, the 

three windows were taken at 644 eV, 684 eV and 728 eV with energy slit of 40 eV. For O K-edge, the 

three windows were taken at 484 eV, 514 eV and 547 eV with energy slit of 30 eV. Backgrounds were 

subtracted by power-law fitting model after spatial drift correction.  

 

In situ gas flow STEM experiment. The in situ STEM and EDS experiments were performed using 

spherical aberration corrected JEOL JEM-ARM 200CF with a cold field emission source operating at 200 

kV combined with a gas-cell TEM holder (Protochips, Inc). The spacer distance between two microchips 

was 5 μm. The holder was assembled after drop-casted HEA samples onto one of the microchips. Gas 

channels were first opened to allow sample expose in air environment for oxidation, then connected to H2 

tank for reduction process. The local temperature was kept constant at 400 °C. EDS maps were collected 

on the same sample region at RT and every 5 min at 400 °C. 

 

Ex situ annealing experiment in air. Ex situ oxidation were performed in two different methods. In 
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the first method, HEA NPs were firstly drop-casted onto Mo grid. The grid was placed onto a hot plate in 

air atmosphere with temperature preset to 400 °C for 1 hr. Then the grid is cool down in air before (S)TEM 

characterization. In the second method, the gas-cell TEM holder was assembled with HEA NPs but was 

not inserted into the microscope. The holder was then flowed with air and temperature ramped up in same 

way as in situ TEM experiment. After finished and cool down to RT, the HEA NPs on microchip is 

characterized directly by (S)TEM.   

 

Electron microscopy characterization. Post situ sample on microchips were characterized using a 

self-designed (S)TEM specimen holder (patent pending). STEM images were acquired by a spherical 

aberration corrected JEOL JEM-ARM 200CF with a cold field emission source operating at 200 kV, at 22 

mrad convergence semi-angle. Post situ Energy dispersive spectrometer (EDS) maps were acquired with 

Oxford X-Max 100TLE windowless silicon drift detector. In situ EDS maps were acquired with JEOL 

dual silicon drift detectors. The area of a single detector is 100 mm2 and the solid angle for this dual EDS 

system is 1.8 sr. Electron energy loss spectra (EELS) were acquired using a Gatan GIF Quantum 

spectrometer with an entrance aperture of 5 mm in dual-EELS mode. EELS maps were extracted from 

transition metals L2,3-edges, O K-edge using power law fitting background subtraction after energy drift 

correction and Fourier-ratio deconvolution. Transition metal L3/L2 white-line intensity ratio was 

determined by applying Hartree-Slater cross section step-functions following the methods reported 

elsewhere[243].  
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Density functional theory calculations. First-principles DFT calculations are employed using the 

Perdew-Burke-Ernzerhof[125] exchange-correlational functional to solve the Kohn-Sham equations. The 

electronic self-consistent loops are terminated with energy-change tolerance of 1×10-8 eV. Bulk 

calculations for the alloy or for the elementary metals, or their oxides and hydrides are carried out using 

the Vienna ab initio simulation package (VASP)[244-246] with a planewave cutoff of 400 eV. For these 

calculations, a dense gamma-centered k-grid with 0.24 Å-1 spacing between k-points were used. This is 

equivalent to 8 x 8 x 8 mesh for bulk metals with conventional four atom FCC unit cell. The projector 

augmented wave (PAW) method implemented in VASP was used to describe the electron-nucleus 

interactions.[127] The hybrid Monte Carlo/molecular dynamics simulations are carried out using VASP 

computed energies and forces. For these calculations, we employed softer PAW potentials, a 300 eV 

planewave cutoff, and gamma point sampling of the Brillouin zone. We find that equilibrium is reached 

by conducting a total of 1000 steps where each hybrid step corresponds to a potential MC swap between 

two random metal atoms followed by 40 molecular dynamics steps with a 1 femtosecond timestep.[247] 

The ab initio molecular dynamics simulations for the slabs models or for isolated nanoparticles are carried 

our using CP2K using DZVP-MOLOPT-SR-GTH basis sets and GTH norm-conserving potentials.[248, 

249] All of our calculations are done within the spin-averaged approximation. For bulk FCC random alloy 

model, we checked that spin-polarized calculations yield a lattice constant 3.67Å that is close to the value 

obtained from spin-unpolarized calculations of 3.61Å. 
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5.3 Results and discussion 

In the first step, the atomic ordering and chemical composition of the as-synthesized HEA NPs were 

studied. The NPs were prepared via aerosol synthesis method as reported in our earlier work.[234] The 

morphology and chemical composition of synthesized HEA NPs were characterized by STEM, EDS and 

EELS. High-angle annular dark-field (HAADF) image in Figure 5-1a shows that the HEA NPs are mostly 

spherical with particle size ranging from 50 to 200 nm. Figure 5-1b is a low-angle annular dark-field 

(LAADF) image focused on an individual NP with facetted edges. The boxed region was selected for 

atomic resolution HAADF and annular bright-field (ABF) imaging as shown in Figure 5-1c. The lattice 

distortion and random atom-to-atom contrast variation suggests a homogeneous mixing of Fe, Co, Ni, Cu 

and Pt at the atomic level. Inset in the ABF image shows the fast Fourier transform (FFT) patterns in <100> 

zone axis with (002̅) and (022) planes highlighted, confirming the successfully synthesized single-phase 

HEA NPs with face-centered cubic (FCC) crystal structure, which is consistent with our previous reported 

X-ray powder diffraction (XRD) results.[234] The composition uniformity was confirmed by both STEM-

EELS and STEM-EDS mappings. STEM-EELS mapping was performed on a NP in <110> zone axis as 

shown in Figure 5-1d. The crystal contains regions with appreciable twining as suggested in FFT and 

marked by dashed lines. The EELS mappings in red shadowed region from Fe, Co, Ni, Cu L-edges and Pt 

M-edge are shown in Figure 5-1e. In all cases, Fe, Co, Ni, Cu and Pt are found to be distributed 

homogeneously. In addition, elemental distribution from STEM-EDS mapping in the sample region of 

Figure 5-1a is shown in Figure 5-1f. These further confirm that all the synthesized NPs, irrespective of 

their sizes, have well-mixed elemental compositions. The composition of each HEA NP is obtained from 
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EDS analysis (Figure 5-2) and the averaged HEA composition is determined to be 

Fe0.28Co0.21Ni0.20Cu0.08Pt0.23.  

 

 

Figure 5-1. Atomic structure and chemical characterization of HEA NPs. (a) HAADF image showing the 

as-synthesized HEA NPs. (b) LAADF image focusing on the edge of an individual HEA NP. (c) HAADF 

and ABF images from the boxed region in b, showing the atomic structure of HEA in <100> zone axis. 

The inset in ABF image is the corresponding FFT with highlighted diffraction spots from (002̅) and (022) 
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planes. (d) LAADF image of HEA in <110> zone axis with twining marked with dashed lines. The inset 

shows the corresponding FFT with multiple diffraction spots from twining. Red shadowed region marks 

the EELS mappings area. (e) EELS mappings from region in d. Signals are extracted from L-edges of Fe, 

Co, Ni, Cu and M-edge of Pt. (f) EDS mappings of the HEA NPs in a.  

 

 

Figure 5-2. As-prepared HEA NPs composition obtained from EDS analysis. Left: exemplar HAADF 

image showing the EDS profile from individual HEA NPs highlighted with circles. Right: EDS 

atomic % of O, Fe, Co, Ni, Cu, and Pt extracted from circular regions in HAADF image, together with 

total averaged HEA composition including Fe, Co, Ni, Cu and Pt extracted from more than 30 

nanoparticles. 

 

5.3.1 Oxidation of HEA NPs in air 

Figure 5-3a shows a schematic illustration of specimen holder employed for the in situ gas-cell TEM 

experiments. Atmospheric pressure can be maintained inside the cell with continuous gas flow benefiting 
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from the isolated environment formed by a pair of microchips.[2, 42, 177, 190] The in situ experiment is 

firstly performed in air environment as shown in Movie S1. The beginning of the movie is exactly at the 

same time of starting the heating process. Snapshots from Movie S1 are shown in Figure 5-3b. The HEA 

NPs underwent oxidation in atmospheric air and oxide layer can be seen to grow gradually covering the 

NPs, shown as the lighter contrast layer on HEA NPs. Interestingly, the oxidation is particle-size dependent. 

The largest HEA NP ~130 nm at the center display a large-scale contrast originating from oxide starting 

at ~13.3 min (highlighted by blue arrows), while such contrast cannot be observed for smaller NPs 

(exemplar region highlighted by purple arrows). To present this more visibly, the zoomed-in images of the 

boxed regions in the first frame are shown in Figure 5-3c and d, with purple box corresponding to one 

small NP (less than 100 nm) and blue box focusing on top surface of the larger NP. Again, the small NP 

has a thin and isotropic oxide layer, while the oxide layer on large NPs are thick and not uniform that 

becomes noticeable starting from ~13.3 min. Compared to monometallic NPs in similar or milder 

oxidation conditions, for instance Co NPs at 200°C and Ni NPs at 400 °C,[87, 250] transformation from 

solid NPs to hollow structures can be seen in less than one hour due to the Kirkendall effect. Moreover, 

bimetallic alloy NPs were also observed to show fast oxidation in less than 30 mins forming porous and 

hollow structures such as NiFe NPs in air[53] and NiCr NPs in low pressure (1 mbar) O2,[189] as well as 

the formation of obvious voids for NiCo NPs accompanied by the outward diffusion of Ni and Co.[251] 

For HEA NPs presented here, formation of voids and hollow structures in similar size range are not 

observed, suggesting that the overall oxidation kinetics can be slower than mono and bimetallic alloy NPs 

with similar principle elements. The oxide layer thickness d𝑂𝑋  was measured following the same 
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direction as indicated in the arrows in Figure 5-3c and d, and are plotted in Figure 5-3e. For the small NP, 

oxidation kinetics can be perfectly fitted with a logarithmic law d𝑂𝑋 = 𝐾 ln (𝑡 − 𝐴) with oxidation rate 

K determined to be 1.72. The oxidation kinetics follow logarithmic law rather than parabolic predicted by 

Wagner theory,[81] suggesting that the growth of oxide layer is governed by combined effects involving 

electric field and lattice diffusion. The reason can be that Wagner’s theory assumes a planar geometry, 

while for HEA NPs considering the spherical geometry with surface curvature, the oxidation kinetics can 

be altered by surface charge and space charge distribution. Since there is much stronger polarization in 

spherical NP than planar surface,[252] the electromagnetic field[88] across the oxide in radial direction[86] 

will result in faster growth rate compared to parabolic relationship in the initial stage and slower rate in 

longer time range that fits into the logarithmic law. The larger NP, again follows logarithmic law with K1 

equal to 1.46 in the first 10.7 min but has a burst of oxide growth starting at ~13.3 min. The oxidation 

kinetics afterwards can also be fitted with a logarithmic function with K2 = 6.87, indicating a much faster 

oxidation rate. This anomalous two-stage oxidation kinetics seems to happen selectively at the region 

where two HEA NPs are adjacent (highlighted by blue arrows in Figure 5-3b), while the surface without 

adjacent NPs displays only one-stage oxidation kinetics (purple arrows in Figure 5-3b). Existing high-

temperature oxidation models[80] (Valensi-Carter and Fromhold) taking into consideration of spherical 

geometry predict that smaller NPs can be oxidized faster than larger NPs, which is consistent with 

experimental observation within first ~10.7 min. The much increased oxidation rate after 13.3 min for 

large NP in its second oxidation stage may be attributed to the sintering induced atomic surface diffusive 

flux close to the interfaces where HEA NPs are in contact,[253] resulting in a change of electric-field 
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induced concentration gradient in initial oxide and provide extra driving force for metal outward 

diffusion.[84, 253, 254] To further understand the mechanism, after in situ oxidation the HEA NPs were 

characterized by STEM-EDS as shown in Figure 5-3f. HAADF and LAADF images show the same HEA 

NP region while the LAADF image show more clearly the oxide region with a brighter contrast. In the 

STEM-EDS maps, transition metals of Fe, Co, Ni and Cu are all seen to present in the oxide layer, while 

Pt is the only metal that does not segregate to the surface. The last two rows showing the overlaid maps 

illustrate more explicitly that 1) in the region without oxygen, HEA NPs still show a homogeneous mixing 

of Fe, Co, Ni, Cu and Pt; 2) Fe, Co, Ni and Cu can be found in the region with oxygen; and 3) Cu is the 

most widely dispersed in the oxide region. Further, quantitative EDS analysis were extracted from the 

maps in the two boxed regions focusing on the large NP and are shown in Figure 5-3g and h. The boxed 

regions were aligned with the plots with corresponding colors. The NP surface is defined as the boundary 

of the brightest contrast in LAADF images (marked by dashed lines) so the outward direction indicates 

oxide region. The two plots show same trends where Fe, Co, Ni and Cu diffuse out to react with oxygen 

while Pt does not display outward segregation and is not present in the oxide. Among the transition metals, 

Co is more accumulated in the oxide region closer to HEA surface within ~20 nm, and Cu is more 

presented in the region farther away; Fe and Ni are distributed in a more monotonic decreasing manner in 

the oxide. These results show the oxidation of HEA NPs is guided by Kirkendall effects, where metals 

diffuse outward at different rates to react with oxygen and lead to a composition variation in the formed 

oxide and HEA core.  
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Figure 5-3. Oxidation of HEA NPs in air. (a) Schematic of the in situ gas-cell (S)TEM device to study the 

redox reactions of HEA NPs. (b) In situ TEM image sequences of HEA NPs during annealing in air. (c, 

d) TEM image sequences focused on the two boxed regions in b during annealing in air. (e) Oxide 

thickness as a function of time measured from the direction highlighted in c and d. (f) Post situ HAADF 

and LAADF images of the same HEA NPs after in situ oxidation, followed by EDS mappings of Fe, Co, 
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Ni, Cu, Pt and O and selected overlaid mappings. (g, h) LAADF images from two boxed regions in f and 

corresponding at. % distribution of Fe, Co, Ni, Cu, Pt and O extracted from EDS maps. The arrows in 

LAADF images indicate the same directions as the arrows in f. The zero in the horizontal axis (distance 

to surface) represent the edge of NP marked by dash lines, while positive values stand for outward 

directions.  

 

Considering the electron beam effects during the in situ oxidation process in Figure 5-3, HEA NPs on 

other regions without the electron beam exposure were also characterized and shown in Figure 5-4. The 

HAADF and LAADF images (Figure 5-4a) show several HEA NPs of different sizes after oxidation. The 

NPs on the left portion of the image are all less than 100 nm and show the same behavior as the smaller 

NPs in Figure 5-3, with uniformly formed oxide layers. The largest NP of ~ 200 nm in size, however, 

displays obvious voids between the HEA and oxide layers (exemplary marked by red arrows in LAADF 

image). This phenomenon has not been observed in particle sizes less than 200 nm, and is suggestive that 

the Kirkendall effect happens more significantly on larger NPs. Such process induces more large-scale 

voids because the outward diffusion of Fe, Co, Ni, Cu are less compensated due to longer required 

diffusion distances from the NPs interior. From a composition point of view, the EDS maps in Figure 5-4b 

and c show almost the same elemental distribution compared to the EDS in Figure 5-3f. Figure 5-4d-f 

show atomic distribution (at. %) of three boxed regions from Figure 5-4a with corresponding LAADF 

images, covering regions with voids (red and orange box in Figure 5-4d and e) and without voids (blue 

box in Figure 5-4f). Similar to the distributions in Figure 5-3g and h, outward diffusion of Fe, Co, Ni and 
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Cu guided by Kirkendall effect are observed, with Cu displaying the farthest diffusion distance from HEA 

surface. In addition, there is no distinguishable difference in terms of atomic distribution between void 

and non-void regions. 

 

Figure 5-4. Oxidation of HEA NPs in air in the region without electron beam. (a) Post situ HAADF and 

LAADF images showing different sizes of NPs after oxidation. Red arrows in LAADF image mark 

exemplar regions with void formation. (b) EDS mappings of Fe, Co, Ni, Cu, Pt and O corresponding to a. 

(c) Overlaid EDS maps of selected elements. (d-f) LAADF images from three boxed regions in a and 

corresponding at. % distribution of Fe, Co, Ni, Cu, Pt and O extracted from EDS maps. The arrows in 

LAADF images indicate the same directions as the arrows in a. The zero in the horizontal axis (Distance 

to surface) represent the edge of NP marked by dash lines, while positive values stand for outward 

directions. 
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Due to the interference of the SiN window on the microchip and the single-tilt limitation of in situ 

TEM holder, extracting atomic information is challenging. Nevertheless, HRTEM images were 

successfully obtained on HEA NPs in Movie S1 and Figure 5-3 after oxidation. The first row in Figure 

5-5a-c show exemplar HRTEM images with HEA and oxide region highlighted. The corresponding FFTs 

are shown in the second row, with diffraction spots marked with d-spacings. Since the largest d-spacing 

in FCC HEA NPs is 0.214 nm from {111} planes, any observed d-spacing larger than that should originate 

from the oxides. As such, in FFTs the diffraction spots are labeled as the most possible crystal planes from 

HEA or oxide compounds. Examples are shown as {111}CoO in Figure 5-5a, {111}NiO in b, {110}Fe2O3 or 

{002}CuO, {006}Fe2O3 or {200}CoO in c. To present the oxides more obvious, IFFTs were shown in both 

Figure 5-5a-c by masking each pair of diffraction spots. As seen, starting from third row in Figure 5-5a, 

for instance, {111}HEA are only from HEA region, while {111}CoO are mostly in the oxide layer. Following 

the same trend, Figure 5-5b and c show that crystal planes from oxide compounds are only presented in 

oxidized regions. After carefully analysis of all the HRTEMs, the lattice d-spacings not likely to belong 

to HEA are plotted as dashed signs in Figure 5-5d. The d-spacings from planes in HEA and some oxide 

compounds are shown as reference. The first and second columns named HEAT and HEAX are data from 

(S)TEM and XRD analysis, respectively. Those d-spacings not belonging to HEA are likely from oxides 

including Fe2O3, CoO, NiO, and CuO. There also possibilities that these localized ordered lattices 

originate from complex oxides involving more than one metal element, however it is not possible to 

properly index them due to the lack of standard lattice parameters. The results further suggest that although 
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the oxide lattices are not observed to be homogeneous in all oxide regions, clearly there is localized 

ordering in the disordered oxide matrix containing Fe, Co, Ni, Cu and O. While principle elements 

including Fe, Co, Ni and Cu typically form crystalline oxide under similar oxidation conditions, the 

observed disordered oxide with only localized oxide crystallites can be ascribed to two factors that lower 

the total Gibbs free energy of disordered oxide compared to crystalline oxide: 1) built-in high entropy in 

the HEA NPs that lower the positive contribution of interfacial energy between HEA and disordered oxide 

interface,[255] and 2) the huge strain induced lattice mismatch between an epitaxial HEA and crystalline 

metal oxide interface at curvature regions that increase the interfacial energy contribution.32 Therefore, 

compared to single elements, the special properties in HEANPs allow them yield formation of 

thermodynamically stable disordered oxides. Since disordered oxide is expected to serve as diffusion 

barrier and thus provide better corrosion resistance,[256] it is possible to be the reason that HEA NPs 

display slower oxidation kinetics compared to monometallic or bimetallic NPs. 
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Figure 5-5. HRTEM analysis of HEA NPs after oxidation in air. (a-c) Three exemplar HRTEM images 

and the corresponding FFTs of HEA NPs after in situ oxidation in air. In the FFTs, diffraction spots are 

highlighted according to the most possible crystal planes in HEA or oxide phases. The last three rows 

show the IFFT of masked diffraction spots with corresponding phases and the overlaid image. (d) Portion 

of d-spacings in different crystal planes in as-prepared HEA and various oxide compounds. Dash signs in 

oxide compounds mark the d-spacings obtained from HRTEM analysis. HEAT stands for information 

extracted from (S)TEM analysis and HEAX are obtained from XRD results. For oxide compounds, only 
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d-spacings larger than 0.195 nm are shown to avoid overlapping of data points. 

 

To gain more understanding at the atomic level for the HEA NPs after oxidation, ex situ oxidation on 

HEA NPs was performed and is shown in Figure 5-6a-h (first method, details in Method section). LAADF 

image in Figure 5-6a shows the oxide layer on HEA NPs after oxidation, and the EELS mappings from 

small red boxed region (Figure 5-6b) again confirm that the oxide layer contains Fe, Co, Ni and Cu. EEL 

spectra from the mapping region is then extracted following the direction of the rainbow arrow and are 

plotted in Figure 5-6c. Although subtle changes of transition metal L2,3-edges are hard to discern in the 

current energy resolution, there are obvious variations on O K-edge especially the pre-peak intensity and 

energy separation between pre-peak and main peak when it is closer to NP surface, as highlighted by red 

arrows. Further, with a larger EELS mapping area (larger boxed region in Figure 5-6a) covering the whole 

HEA NP, multiple linear least squares (MLLS) fitting results is shown in Figure 5-6d. The fitting is 

performed using L-edges reference spectra of as-prepared HEA, Fe2O3, CoO, NiO and CuO[257-262], 

and is shown in the same sequence. The last image is a directly extracted O-K map for the ease of 

comparison. These MLLS fitting results serve as valence state maps of Fe, Co, Ni and Cu. It can be seen 

that Fe3+, Co2+, Ni2+, and Cu2+ are all presented in the oxide layer region, suggesting that in the oxides Fe 

is in 3+ state while Co, Ni and Cu are in 2+ state. In addition, the results show consistency with previous 

HRTEM analyses on in situ HEA NPs that localized ordering from lattices of Fe2O3, CoO, NiO and CuO 

are observed. Figure 5-6e shows energy loss near edge fine structure (ELNES) of L3/L2 white-line intensity 

ratio for Fe and Co and O-K on another similar size HEA NP. It is known that the transition metal L3/L2 



141 

 

white-line ratio is directly correlated with 3d orbital occupancy that a higher ratio indicates increased 

oxidation state for Fe[263] while a lower ratio indicates higher oxidation state[243, 264] for Co. Here, Fe 

L3/L2 white-line ratio displays an increase in the external oxide (positive distance to surface) region 

suggesting a more oxidized Fe state compared to the interior of HEA NP. Likewise, Co L3/L2 white-line 

ratio gradually decreases from NP interior to surface and drop further in external oxide region, suggesting 

an upward gradient of Co oxidation state. The third plot in Figure 5-6e shows distance of O K-edge pre-

peak to main peak (energy separation, ∆E) as a function of distance to HEA surface. Although the ELNES 

of O K-edge contains metal-oxygen bonding information contributed by four transition metals involving 

Fe, Co, Ni and Cu, an increase of ∆E from interior to surface can still be identified indicating the higher 

overall oxidation states in the oxide region.[265] Figure 5-6f shows an ABF image of a HEA NP after ex 

situ oxidation. The oxide layer can be seen in the lower contrast region close to the HEA surface. Plenty 

of voids of less than 10 nm in size are clearly observed and exemplar of them marked by red arrows. 

Larger voids are expected to form after these tiny ones accumulate and coalesce. Figure 5-6g shows a pair 

of HAADF and ABF images of HEA NP in <110> zone axis. FFT (inset in ABF image) indicates an FCC 

pattern of HEA NP. While no lattice can be resolved in the oxide layer region, apparently the HEA NP 

maintains its FCC structure as evident through the same atomic arrangement in comparison to as-prepared 

sample (Figure 1d). This is true even at the void regions (marked by red arrows) suggesting that the atomic 

outward diffusion during oxidation does not break the FCC crystal structure. Again, this is consistent with 

HRTEM in Figure 5-6a that {111}HEA can be clearly resolved. Pair of HAADF and ABF images in Figure 

5-6h show another HEA NP in <110> zone axis with identifiable twining (marked by dashed lines). 
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Although it is not clear whether the twining existed initially or formed after oxidation, the FCC structure 

in HEA NP is confirmed to remain unchanged. Lastly, to make sure the ex situ oxidation reflects exactly 

the actual condition of in situ experiments, another ex situ oxidation (second method, details in Method 

section) was performed and shown in Figure 5-6i and j. The morphology of as-prepared HEA NPs and 

after oxidation (Figure 5-6i) indicates the formation of similar oxide layer surrounding the NPs as 

observed in in situ oxidation experiment, exemplary marked by red arrows. Figure 5-6j shows three 

HRTEM images on HEA and oxide interfaces after oxidation. Insets are FFTs from a larger region 

covering all three images, with corresponding diffraction spots highlighted with circles. The HRTEM 

images and FFTs resolve the lattice of 0.214 nm from {111}HEA, further confirms the preserved FFC 

structure of HEA NPs after oxidation. 
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Figure 5-6. Oxidation of HEA NPs in air without electron beam. (a) LAADF images showing HEA NPs 

after ex situ oxidation in air. (b) Spectrum image corresponding to smaller red boxed region in a and EELS 

maps extracted from Fe, Co, Ni, Cu L2,3-edges and O K-edge. (c) EEL spectra extracted from the spectrum 

image in b in the direction marked by rainbow arrow. The O pre-peak and main peak maximum marked 
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with red arrows are highlighted with dash lines. (d) EELS MLLS fitting showing the valence state map 

from larger red boxed region in a. The maps are displayed in sequence of fitting results from reference 

spectra of as-prepared HEA, Fe2O3, CoO, NiO and CuO. The last map was extract directly from O K-edge. 

(e) Fe and Co L3/L2 white-line intensity ratio as function of distance to surface obtained from another HEA 

NP after oxidation. Zero in horizontal axis represent the edge of NP, while positive values stand for 

outward directions. The third plot shows energy difference between O K-edge pre-peak and main peak 

(energy separation, ∆E) as function of distance to HEA surface. (f) ABF image of a HEA NP after ex situ 

oxidation showing plenty of voids less than 10 nm in length. (g) Atomic resolution HAADF and ABF 

image of a HEA NP edge after oxidation. Exemplar voids are marked by red arrows. The oxide layer is 

highlighted. Inset in ABF image is the corresponding FFT showing the NP in <110> zone axis. (h) Atomic 

resolution HAADF and ABF image of a HEA NP in <110> zone axis. Exemplar voids are marked by red 

arrows and oxide layer is highlighted. A twining can be observed in both images marked with dash lines, 

as well as in the FFT (inset in HAABF image) with two pairs of (002) diffraction spots. (i) TEM images 

showing the HEA NPs before (as-prepared) and after in situ oxidation in air without electron beam. Some 

of the formed oxide layers are highlighted by red arrows. (j) HRTEM images of HEA NPs after in situ 

oxidation in air without electron beam. The inset in each image shows FFT with corresponding highlighted 

HEA (111) planes (d ~ 0.21 nm). Note that the three FFTs are identical because they are from a larger 

region covering all three HRTEM images.  

 

5.3.2 Reduction of HEA NPs in H2 
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Next, in situ reduction on HEA NPs is shown as TEM image series in Figure 5-7. The process involves 

two steps: first in situ oxidation with same condition as previously discussed (in red box) and then in situ 

reduction in H2 environment (in grey box). Since the individual HEA NP at left corner and three HEA NPs 

at top behave differently, zoomed in images focusing on different regions are displayed separately in 

Figure 5-8 and Figure 5-9. As shown in Figure 5-8a, in the oxidation process of individual HEA NP, oxide 

layer grows uniformly around the HEA NP similar to the NP in Figure 5-3c. Zoomed-in TEM images 

focusing on right edge of the NP (Figure 5-8b) in frame 1, 2 and 3 show the growth of oxide layer with 

thickness dOX defined by difference between center of HEA NP to HEA surface (R1) and center of HEA 

NP to oxide external surface (R2). Evolution of dOX in two directions and diameter D of the NP (marked 

in Figure 5-8a) is plotted in Figure 5-8c. Similar to oxidation kinetics of the NP in Figure 5-3c, logarithmic 

oxidation with rate constants K  equal to 2.84 and 2.53 on left and right directions are identified, 

suggesting isotropic oxidation. The HEA diameter D does not show significant change as oxidation 

progresses. In the followed reduction progress, within 10 more min in H2 (first frame in grey box, t= 80 

min), the oxide layer becomes porous and cracks can be observed at interface between oxides and the 

HEA core. The oxide layer in both directions expand from ~10 nm to ~20 nm in thickness after H2 

penetration, accompanied by shrinkage of the HEA diameter from ~178 nm to ~173 nm. The expanded 

porous structure of oxide layer is further shown in the zoomed in TEM images in Figure 5-8d focusing on 

left edge of NP in first and last frame (numbered 4 and 5 in Figure 5-8a) during reduction progress. The 

post situ STEM-EDS mappings in Figure 5-8e show clearly that after H2 reduction the HEA segregated 

into a reduced size HEA core with all five elements and an oxide layer containing Fe, Co, and Ni. The Cu 
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element, which is shown to be present in the oxide after oxidation, is not concentrated in the oxide after 

reduction but instead dispersed widely around the HEA core, suggesting that oxidized Cu has been mostly 

reduced by H2. In contrast, Fe, Co, and Ni are not fully reduced and still preserved in the oxide region. 

The at. % distribution in boxed region on HAADF image shown in Figure 5-8f further indicates Fe, Co, 

and Ni are present both in and outside of the oxide, while Cu are present only outside the oxide external 

surface. The results suggest that during reduction all transition metals in the oxide react with H2 and 

resulted in expansion of the oxide layer; simultaneously, the HEA core slightly shrinks and collapses due 

to the outward diffusion of transition metals and associated vacancies, leaving a gap between HEA core 

and the oxide internal surface.  

 

Figure 5-7. In situ TEM image series of HEA NPs annealing in air (red box, first two rows) and H2 (grey 
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box, last row). The temperature is RT in first frame and 400 °C in all other frames.  

 

 

Figure 5-8. Oxidation and reduction of an individual HEA NP. (a) In situ TEM image sequences of HEA 

NP during annealing in air (red box) and then H2 (grey box). The temperature is RT in first frame and 

400 °C in all other frames. (b) Zoom in of TEM images numbered 1, 2 and 3 in a focusing on the NP right 

edge, showing the growth of oxide layer during annealing in air. The oxide thickness dOX is defined by 

R2-R1. The scale bars are 10 nm. (c) Oxide thickness dOX and HEA NP diameter D as a function of time 

measured from the direction marked in a. The diameter is shown in blue while oxide thickness is shown 

in orange and grey in left and right directions. (d) Zoomed in of TEM images numbered 4 and 5 in a 

focusing on the NP left edge, showing the formation of porous structure during annealing in H2. The scale 
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bars are 20 nm. (e) Post situ HAADF and LAADF images of the same HEA NP after in situ experiment, 

EDS mappings of Fe, Co, Ni, Cu, Pt and O and selected overlaid EDS mappings. (f) At. % distribution of 

Fe, Co, Ni, Cu, Pt and O extracted from EDS. The arrow indicates the same directions as the arrows in 

HAADF image in e. Zero in the horizontal axis (distance to surface) represent the NP edge, while positive 

values stand for outward directions.  

 

Figure 5-9 shows the oxidation and reduction process of the larger HEA NP in center and two adjacent 

smaller NPs. The oxidation seems significantly different compared to what has been shown in Figure 5-8, 

with very thick oxide layer formed nonuniformly within the first 10 min. Highlighted in the second frame 

with red arrows, the oxide is observed to initiate at the connecting regions between center large NP and 

small NP, and then grows rapidly into thick layer surrounding the whole particle. This phenomenon is 

consistent with what has been discussed in Figure 5-3 that adjacent HEA NPs display two-stage oxidation 

kinetics. At t= 40 min in the frame with dashed outline, energy-filtered transmission electron microscopy 

(EFTEM) was performed to further confirm the metals’ outward diffusion. The EFTEM maps shown in 

Figure 5-9b include Fe L-edge, O K-edge and the overlaid image, suggesting that Fe is diffusing out to 

contribute to the oxide growth. The maps for other metals are not shown due to a decreased signal to noise 

ratio as their L-edges onset are in higher energy ranges for such in situ EFTEM. Figure 5-9c shows the 

oxide thickness dOX and the center HEA NP diameter D as a function of time measured from the direction 

marked in Figure 5-9a. The diameter is shown in blue while oxide thickness is shown in orange in left 

direction. Accompanying the oxidation with K  equals to 13.24, the NP diameter decreases from the 
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beginning. Compared to the individual smaller HEA NP shown in Figure 5-8, the faster oxidation rate 

leads to more voids formation and finally results in the voids collapse. This is observed as the HEA core 

diameter decreases and change of NP’s shape. The oxide layer at the end of the oxidation process (t=70 

min) are much thicker on the center large NP (~ 50 nm) than the two adjacent small NPs (~ 20 nm), again 

consistent with the results discussed in Figure 5-3. Since the center HEA NP has an initial size of ~ 245 

nm that is larger than any of the ones shown in Figure 5-3 and Figure 5-4, it is expected that this NP 

displays the most significant oxidation including formation of voids and faster growth of oxide layer. In 

addition, this HEA NP has adjacent NP that may also increase the oxidation rate similarly to the case 

shown in Figure 5-3. Next, in the following reduction process, a slight expansion of the oxide layer and 

further shrinkage of HEA NP can be observed in Figure 5-9c, which is consistent with what has been 

discussed on the smaller individual HEA NP in Figure 5-8. Formation of porous structures can also be 

observed as shown in the enlarged TEM images in Figure 5-9d. The images are focused on the left edge 

of center HEA NP, with frame number the same as shown in Figure 5-9a. From the last frame of HEA in 

air (frame 1) to the first frame of HEA in H2 (frame 2), the oxide layer transformed to porous-like and 

plenty of NP seeds can be seen to form on oxide external interface, as highlighted by grey arrows. These 

seeds, ranging from few to tens of nm, seems not to be stable as their location can change in time (frame 

2-6). In order to understand their composition, post situ STEM and EDS results are shown in Figure 5-9e-

g. HAADF and LAADF images in Figure 5-9e show clearly that the HEA NPs have segregated into a 

HEA core with reduced size and a porous oxide layer with some NP seed-features close to interface. EDS 

maps and overlaid elemental distribution in Figure 5-9f-g show that the seed-features are all non-oxidized 
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or pristine Cu NPs, while Fe, Co, and Ni mainly display a homogeneous mixing with oxygen. These 

indicate that Cu is the only element that has been reduced and segregated into Cu NPs from the oxide 

while the other three transition metals are not fully reduced and partially remain in the oxidized phase. 

The HEA core, although shrank, consists of all five elements Fe, Co, Ni, Cu and Pt. Further, atomic % 

distributions are extracted from the rectangle regions highlighted in HAADF image and shown in Figure 

5-9h-j with same color. Similarly like the individual NP in Figure 5-8f, Cu are mostly present outside of 

the oxide layer rather than in the oxide, confirming the oxidized Cu have been reduced into Cu and 

segregated outward from external oxide interface. Furthermore, the HEA core of the center larger NP 

displays condensed Pt with atomic ratio more than 23.5 % while significant reduced amount of Fe (12%) 

and Co (8%) that resulted from the outward diffusion of Fe, Co, Ni and Cu, which is not obvious on the 

small NPs shown in Figure 5-8f with the less significant collapse (21% Pt, 22% Fe, 18% Co, 18% Ni, 7% 

Cu). 
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Figure 5-9. Oxidation and reduction of HEA NPs. (a) In situ TEM image sequences of HEA NPs during 

annealing in air (red box) and then H2 (grey box). The temperature is RT in first frame and 400 °C in all 

other frames. (b) In situ EFTEM mappings obtained at the frame with dashed outline in a (t=40 min) 

showing Fe L-edge, O K-edge and the overlaid image. (c) Oxide thickness dOX and the center HEA NP 

diameter D as a function of time measured from the direction marked in a. The diameter is shown in blue 

while oxide thickness is shown in orange in left direction. (d) Zoom in of TEM images numbered 1-6 in 
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a focusing on the left edge of largest NP, showing the formation of porous structures during annealing in 

H2. Exemplar nuclei are highlighted with grey arrows. (e) Post situ HAADF and LAADF images of the 

same HEA NPs after in situ experiment. (f) EDS mappings of Fe, Co, Ni, Cu, Pt and O. (g) Selected 

overlaid EDS mappings. (h-j) At. % distribution of Fe, Co, Ni, Cu, Pt and O extracted from EDS. The 

arrow in each plot indicates the same directions as the arrows in HAADF image in e. The zero in the 

horizontal axis (Distance to surface) represent the edge of NP, while positive values stand for outward 

directions.  

 

5.3.3 In situ EDS during oxidation and reduction 

During in situ redox experiments, analytical methods like EELS are challenging due to the 

interference of SiN windows. To further understand the compositional evolution, in situ STEM-EDS are 

performed and shown in Movie S2. The HEA NP in the upper left corner is zoomed in and shown in Figure 

5-10 and Figure 5-11 for oxidation and reduction process, respectively. ABF and HAADF images are 

displayed together with EDS maps for Fe, Co, Ni, Cu and O at different time. Outlines of HEA and the 

formed oxide are also shown in the last column. At RT, the HEA NPs show homogeneous mixing of all 

five elements with 2-3 nm native oxide covering the surface. The oxide is expected to originate from initial 

stage of oxidation driven by the Mott electric field between HEA surface and oxide layer, as predicted by 

the Cabrera-Mott model[79]. After 2 min at 400 °C, the oxide layer begins to grow and is denser on left 

side where two adjacent NPs are present. The gradual outward diffusion of Fe, Co, Ni and Cu evidenced 

through EDS maps suggests that the oxidation is guided by a Kirkendall effect. This outward diffusion of 
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transition metals results in voids formation close to HEA surface and voids collapse as vacancy diffusion, 

and finally lead to the shrinkage of HEA NP and notable segregation of Fe, Co, Ni, Cu to the outer oxide. 

In the followed reduction progress, it is obvious that the oxide layer is expanding as Fe, Co, Ni and Cu 

are reduced from oxidized form. Additionally, further outward diffusion of Fe, Co, Ni and Cu can be 

observed, resulting in a concertation gradient in the oxide, which is poor in Fe, Co, Ni and Cu at the 

internal surface but rich in them at external oxide surface. This leads to a deficiency of elements between 

HEA core and the internal oxide surface. Based on the Ellingham diagrams, Cu oxide is the least stable 

among other metal oxides at 400 °C and is thus preferable to be reduced. These observations are consistent 

with previously discussed oxidation and reduction behaviors. In addition, the in situ EDS analyses suggest 

that the outward diffusion of transition metals happens almost simultaneously from the beginning at 

400 °C due to atomic homogeneity of as-prepared HEA, thus the composition gradient in the formed oxide 

are mainly induced by different diffusion rates among transition metals. Figure 5-12 shows the Arrhenius 

plots of diffusion coefficients for Fe, Co, Ni and Cu in their oxides. Fe has the highest diffusibility at 

400 °C followed by Cu, Co and Ni, which is in partial agreement with experimental observations that 

outward diffusion of Fe and Cu are more notable than Co and Ni. However, the diffusion coefficient cannot 

explain why Cu shows the farthest diffusion distance from HEA surface among all transition metals, 

suggesting future investigations of metal diffusibility in different oxide matrices are indeed necessary. 
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Figure 5-10. In situ EDS analysis on HEA NPs annealing in air. First column: time stamps; Second column: 

ABF images of HEA NPs annealing in air. From third column: HAADF images of the HEA NPs and 

corresponding EDS maps of Fe, Co, Ni, Cu, Pt and O. Last column: outlines of HEA NP and the formed 

oxides extracted from ABF images. The first row (t=0) corresponding to the condition at RT and is right 

before temperature ramping up to 400 °C.  
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Figure 5-11. In situ EDS analysis on same HEA NPs annealing in H2 right after oxidation shown in Figure 

5-10. First column: time stamps; Second column: ABF images of HEA NPs annealing in H2. From third 

column: HAADF images of the HEA NPs and corresponding EDS maps of Fe, Co, Ni, Cu, Pt and O. Last 

column: outlines of HEA NP and the oxides extracted from ABF images. 
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Figure 5-12. Arrhenius plots for diffusion coefficient DMetal with temperature. Data of Fe in α-Fe2O3[266], 

Co in CoO[267], Ni in NiO[268], and Cu in CuxO[269] are from previous reports. Dashed line marks the 

experimental temperature condition equal to 400 °C.  

 

Lastly, to confirm that the phase segregation is only induced by gases, results of in situ annealing of 

HEA NPs in vacuum environment are shown in Figure 5-13. The lower magnification HAADF images 

(Figure 5-13a) shows HEA NPs from RT to 400 °C and back to RT, with no observable change in particle 

size, shape, and evidence of oxidation during the whole process. Only slight movement of few small NPs 

can be seen as highlighted with arrows. The higher magnification HAADF images (Figure 5-13b) focusing 

on fewer HEA NPs on another region suggest the same behavior that no observable phase segregation is 

present. These results indicate the phase segregation is induced by oxidizing/reducing environments 

instead of electron beam effect.  
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Figure 5-13. In situ annealing of HEA NPs in vacuum environment. (a) HAADF image series of HEA 

NPs from RT to 400 °C. Red arrows marked exemplar NPs that underwent slight movements. (b) HAADF 

image series focused on several smaller HEA NPs from RT to 400 °C.  

 

5.3.4 Molecular Modeling of Oxidation and Reduction 

We carried out density functional theory (DFT) calculations to further understand the 

oxidation/reduction processes of the HEA NPs. First, we investigated the stability of a bulk random alloy 

consistent with the Fe0.28Co0.21Ni0.20Cu0.08Pt0.23 chemical composition that is inferred experimentally. 
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Using a single random realization of the alloy, we compared the energies of two models of the alloy with 

FCC or BCC lattice symmetry. After a full optimization including atomic positions and lattice constant, 

we find that the FCC system is 0.05 eV/atom lower in energy than the BCC one. We obtained similar 

results using different random samples of the FCC and BCC alloys. Thus, the alloy has an FCC symmetry 

that agrees with the experimental results. In addition, the optimum lattice constant of the FCC lattice is 

found to be 3.61 Å that correlates to a d-spacing of 2.1 Å for {111} planes, which is very close to the 

experimentally determined d-spacing of the same planes.  

DFT simulations using few models of the alloy do not capture the configurational entropy that is key 

for the stability of HEAs. To address this shortcoming, we carried out calculations using a hybrid Monte 

Carlo (MC)/molecular dynamics (MD) approach based on energies and forces computed using DFT. This 

scheme involves short ab initio molecular dynamics runs and random exchange between atoms at different 

locations, in which the last configuration is accepted or rejected using a standard Metropolis 

algorithm.[270],[247] There are several advantages of MC/MD; it automatically accounts for impurity-

impurity or impurity-host interactions, temperature, mixing entropy, and atomic vibrations. Following the 

MC/MD simulations, we find that in equilibrium the alloy has a uniform distribution of the elements. Also, 

consistent with the static full optimization calculations, the HEA with FCC symmetry is found to be ~0.05 

eV/atom lower in energy than that of the BCC one at all investigated temperatures 100 - 900 °C (Figure 

5-14). 
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Figure 5-14. Comparison between the FCC and BCC energies of the HEA as obtained from MC/MD 

simulations.  

 

 Next, we studied the impact of oxidation and reduction on the stability of the HEAs. First, we 

examined stabilization energies due to potential segregation under oxidizing/reducing conditions. We 

constructed 5 alloy models that differ in the identity of the element enriching the top layer but is random 

otherwise, in addition to three different alloy models with complete random distribution. In these studies, 

we employed surface slab models well representing the large ~ 50 - 200 nm NPs that are seen 

experimentally. Further, we also verified that a smaller ~1 nm NP (Figure 5-15, Figure 5-16, and Figure 

5-17) displays similar energy preferences. The oxidizing/reduction conditions are modeled by adsorbing 

oxygen or hydrogen on the top surface.[271-274] Starting from the initial configuration constructed using 
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FCC with lattice constant 3.61 Å, we relaxed the atomic positions to ground state equilibrium structure at 

T = 0 Kelvin, and then conducted a 4 pico-second (ps) ab initio molecular dynamic trajectory within NVT 

ensemble (constant number of particles, volume and temperature) at T = 400 °C. Figure 5-18a shows the 

energies of the different models averaged over the last 2 ps, as measured with respect to the random alloy 

model. Here Fe, Co and Pt segregated surfaces have high energies due to their large surface energies 

compared to that of Ni and Cu.[275] It is noted that the high entropy of mixing is not included in the 

energies of Figure 5-18a, and hence models that have lower energies than the random alloy one such as 

the Cu rich surface are not indicative that segregation is preferable for the pristine surface. For instance, 

based on ideal mixing of the elements, the configuration entropy −𝑘𝐵 ∑ 𝑥𝑖 ln 𝑥𝑖
5
𝑖=0   (𝑘𝐵   is Boltzmann 

constant and 𝑥𝑖 is metals concentration) lowers the free energies by ~ 0.09 eV/atom for the alloy at 400°C. 

As we will show later, we do not have any elements segregation for the pristine HEA surfaces when 

configurational entropy is accounted for by employing the hybrid MC/MD approach.   
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Figure 5-15. Alloy models for a 7 Å NP with (a) Fe (b) Co, (c) Ni, (d) Cu, and (e) Pt surface segregation, 

and (f-h) homogenous alloying. In the segregated models, the surfaces are rich in different elements while 

the core is random.  

 

Figure 5-16. Corresponding models as in Figure S11 after oxidation with ~ 60 oxygen atoms.  
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Figure 5-17. Normalized energies for the NP models shown in Figure S11 and Figure S12 compared to 

the random alloy model. For each element, we show the corresponding energy of the oxidized (red) NP. 

 

As seen from the energies in Figure 5-18a, oxidation significantly stabilizes surfaces that are rich in 

Fe and Co compared to the random alloy, and to a lesser extent surfaces rich in Ni and Cu. However, Pt-

rich surfaces have significantly higher energy compared to the random alloy surface. Thus, under 

oxidation, surfaces of the NPs are expected to be poor in the noble metal Pt but rich in Fe, Co and to a 

lesser extent Cu and Ni. In contrast, as seem from the figure, hydrogen does not induce any strong 

segregation preferences in agreement with experimental results shown in Figure S7. The obtained energy 

trends for the oxidized/reduced slab models can be understood by examining the formation energies of the 

corresponding bulk oxides and hydrides. For the metal oxides, the order of the formation energies is Fe 
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(1.7), Co (1.3), Cu (1.0), Ni (0.9), and Pt (0.6) with the numbers in parenthesis showing the DFT formation 

energies in eV/atom. Thus, Fe forms the most stable oxide with a formation energy of 1.7 eV/atom and Pt 

is the least stable one with 0.6 eV/atom. Similar conclusions can also be reached by inspecting the 

Ellingham diagrams of these oxides. In contrast, the corresponding metal hydrides are all significantly 

less stable than the oxides with formation energies that vary between 0.1 - 0.2 eV/atom, and with Ni the 

most stable followed by Fe, Co, Cu and Pt. 

 MC/MD simulations are then carried for the slab models to determine their equilibrium composition 

while accounting for temperature and entropy effects. Figure 5-18b shows a layer-by-layer surface 

decomposition obtained by analyzing equilibrium configurations from the MC/MD simulations. An 

exemplary configuration is shown in Figure 5-18c. As seen from the figure, while we have a relatively 

uniform distribution of the elements for the bare or hydrogen-reduced surfaces, there is a strong 

segregation preference for some elements to the top layers under oxidation conditions. For instance, 

compared to the bare surface, we see a notable enrichment of Fe and Co in the top exposed layers but a 

significant reduction of Pt. This is also consistent with the trends inferred from the energies of the 

segregated models of Figure 5-18a. Further, the oxidation process increases the thickness of the substrate 

resulting in the formation of an additional layer. As seen in Figure 5-18c, an equilibrium configuration 

during the oxidation shows formation of vacancies in subsurface layers due to a Kirkendall effect from 

the inequivalent inner/outer diffusion of oxygen/metal. Also, the oxidized slab models retain FCC 

symmetry away from the surface, again consistent with the experimentally observed FCC lattices after 
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oxidation. Although the slab models are relatively small to show the formation of any nanocrystalline 

oxides, we see from Bader charge analysis in Table 5-1 that the chemical environment of the metals in the 

oxide layer are similar to the corresponding Fe2O3, CoO, NiO and CuO oxides that are inferred 

experimentally.  

 

Figure 5-18. (a) Total energies for slab models with different elements segregation compared to the 

random alloy model. For each model, we show the corresponding energy of the oxidized (red) or reduced 

surface with hydrogen (gray). Negative values indicate enhanced stability compared to random alloy 

without accounting for configurational entropy. Statistical errors for the energies extracted from molecular 

trajectory are shown. (b) Equilibrium layer-by-layer surface composition for bare, oxidized and hydrogen-

reduced surfaces at 400 °C. The error bars indicate statistical errors from equilibrium structures obtained 

from MC/MD. Oxidation increases the thickness of the slab and leads to the formation of an extra layer. 

(c) Exemplary atomic model for an oxidized slab from the MC/MD ensemble after equilibration.   
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Table 5-1. Bader charge analysis. The average number of valence electron of the metal atom M (Fe, Co, 

Ni and Cu) far from the surface (core-metal) and on the surface for the HEA slab model. For comparison, 

we show the charge of the corresponding oxides Fe2O3, CoO, CuO, and NiO in the last column. 

M type Core-metal Surface-metal MxOy 

Fe 7.7 7.0 6.6 

Co 8.8 8.1 7.9 

Ni 9.9 9.0 8.8 

Cu 10.8 10.0 10 

 

5.4 Conclusions 

The present work provides in situ TEM observation and DFT study of phase segregation in HEA NPs 

during high temperature redox reactions. The oxidation of HEA NPs in air is guided by Kirkendall effects 

with logarithmic rate constants that will prevent further oxidation. Analytical EDS, EELS and HRTEM 

provide direct evidence of transition metals segregation by outward diffusion and disordered oxide layer 

formation. In addition, localized ordering is identified in the oxide layer that possibly belong to lattices 

from Fe2O3, CoO, NiO and CuO crystallites. In H2 reducing environment, expansion of oxide layer and 

transformation into porous structures are observed as H2 takes away oxygen. The oxidized Cu can be fully 

reduced and further segregated into Cu NPs while Fe, Co, and Ni are rarely fully reduced. Simulations 

using hybrid Monte Carlo/molecular dynamics simulations based on DFT energies and forces confirm the 
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stabilization of the alloy solution for the bare and hydrogen reduced surfaces, and show that oxidation 

drive Fe, Co, Ni and Cu segregation to the top layers in agreement with experimental results. The present 

study is crucial for understanding HEA behavior in oxidation and reduction environments and provide 

insights in designing high corrosion resistance alloys for various applications.  
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Chapter 6 Future work 

6.1 In situ TEM of HEA NPs catalytic reaction with gas composition analyzer 

6.1.1 Overview 

High-entropy alloys (HEA), an emerging material compound involving five or more principle elements in 

a single phase solid solution, is being recognized as promising materials for applications in catalysis and 

structural alloys. Recently the successful synthesis of HEA NPs via thermal shock[233] and aerosol[234] 

methods has made the scale up fabrication possible for industrial applications. The use of HEA NPs as 

catalysts for wide range catalytic reactions have been predicted by theoretical calculations and some of 

them studied by experiments involving oxygen reduction and evolution, hydrogen evolution, CO 

oxidation, ammonia oxidation and decomposition,[276] and methanol oxidation, and CO2 reduction.[277] 

 During the working condition of HEA NPs under such catalytic reactions, the structural and chemical 

status of working HEA NP catalysts remains unknown due to the challenge of obtaining nanoscale 

information regarding to the typical few nanometer sizes of HEA NPs. Such information is used to be 

obtained by bulk phase analytical methods such as XRD and TGA. In situ gas-cell TEM, benefiting from 

its high spatial and temporal resolution, serves as an ideal method to bridge the gap between bulk and 

nano-scale characterizing especially during catalytic reactions. Here, we propose to investigate the 

structural and chemical evolution in HEA NP catalysts subjected to gas environments and elevated 

temperatures with in situ monitoring of gas compositions. 
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6.1.2 Experimental setup 

Figure 6-1a shows the schematic of in situ TEM setup, with in situ gas-cell TEM holder being used and 

connected with a residual gas analyzer (RGA) system with capability of analyzing gas composition in 

real-time. Figure 6-1b shows the specimen region inside the gas cell reaction, including a pair of Si 

microchips with HEA NPs sample on the side with heater. The distance between two Si microchips can 

range between 50 nm and 5 μm to accommodate different specimen thickness. Gases can be flowed into 

the cell with a volumetric flow rate of 0.5 sccm or less. Gas type includes air, N2, H2, CO2, water vapor, 

and CO, CH4, etc. The gas flow controller has the capability of flowing one type of gas or a combination 

of several gases at the same time. The pressure inside the cell is approximately 1 atmosphere. A 

temperature controller is used to set the temperature from RT to 1000 °C without the need for any external 

cooling system. The in situ gas-cell allows atomic resolution imaging at both room and elevated 

temperatures. Figure 6-1c shows an example HRTEM image of HEA NP oxidized in air environment at 

400 °C, with corresponding FFT shown in d. The lattices from HEA (111) plane and from oxide can be 

clearly resolved, demonstrating the atomic resolution imaging capability of the in situ gas-cell setup. 
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Figure 6-1. (a) Schematic showing the in situ/operando TEM experiments on HEA catalytic reactions. A 

residual gas analyzer (RGA) system is attached to the specimen holder for real-time analyze of gas 

compositions. (b) Schematic showing the specimen region in gas cell TEM holder. (c) HRTEM image of 

HEA NPs oxidized in air at 400 °C for about 1 hour. (d) The corresponding FFT of c showing diffraction 

spots from HEA and oxide planes.  

 

In situ gas cell experiments is carried out using a field emission JEOL 2100F microscope operated at 

200kV at Center for Nanoscale Materials, Argonne National Laboratory. Additionally, with same in situ 
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gas-cell holder available at Northwestern University combined with aberration corrected JEOL ARM-

200CF microscope, advanced Z-contrast STEM imaging can be done such as HAADF, LAADF, ABF, 

which further extend the capability. Atomic resolution EDS and EELS mapping focusing locally on less 

than 50 nm HEA NPs is achievable, allowing the investigation of structure and composition in sub-

angstrom manner. In addition, the EDS and EELS both can be done in situ simultaneously with imaging, 

allowing extracting both structural and chemical information in a time-resolved manner.  

 

6.1.3 Structural analyses of HEA NP evolution 

In situ TEM provides direct observation of the morphology changes of samples inside the gas cell, with 

sub-nanometer spatial resolution. The in situ gas cell TEM holder is capable of tilting in α direction and 

thus atomic resolution imaging is achievable. By looking at a desired amount of HEA NPs on the 

microchip, it is very possible to locate NPs that is on zone, resolving their atomic structures. In addition, 

the morphology evolution during HEA NPs catalytic reactions in service environments such as high 

temperature air, water vapor, H2, CO2, CH4, NH3, and many other gas environments can be realized in real 

time by combined HRTEM imaging and diffraction analyses. Further, such evolution can be captured in 

whole during the reactions as videos. Formation of new layers over HEA NPs, surface reconstruction, and 

phase segregation during reactions can be investigated through HRTEM, HAADF, LAADF, ABF imaging 

techniques. 

 

6.1.4 Analytical studies of HEA composition evolution 
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The energy loss near edge fine structure (ELNES) and extended energy loss fine structure (EXELFS) 

analyses for oxygen K edge and several transition metal L2,3, M4,5 edges can be performed within a single 

collection at 0.5 eV energy resolution, allowing a detailed understanding of products composition.  

 

6.1.5 Analytical studies of gas composition evolution 

The composition of gas input through the inlet channel on gas-cell holder can be monitored in real-time 

by a gas controller, simultaneously, the gas residual flowing out from the outlet channel can be analyzed 

through a residual gas analyzer (RGA) very close to the reaction chamber. This system equipped with 

software-controlled ability to detect and analyze real-time gas products between and after in situ gas-cell 

TEM experiments, allowing detailed information regarding reaction kinetics and products. The connection 

with the TEM holder is short to ensure a quick response time in detecting the gas composition, usually in 

less than a few seconds. Therefore, a correlation between in situ imaging/video recording and gas 

composition evolution can be made. For HEA catalytic properties, the following reactions will be focused: 

CO oxidation and methanol oxidation. Gases phase CO and methanol are flowed into the gas cell while 

maintaining a high temperature in the HEA NPs catalysts region. When gas molecules reach the surface 

of HEA NPs, dissociation of the gas molecules and chemisorption of gas atoms onto the metals will 

generate metal-gas species. Different than monometallic NPs, the chemisorption may happen selectively 

on fewer kind of metal atoms, resulting in the catalytic active site becomes anisotropic. For instance, CO 

adsorption on AuCu alloy NPs show preferable activated surface and dynamic atom clusters on (010) 

facets. In O2 environment, oxidation and segregation of Cu were observed and formed Cu2O at AuCu 
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interface.[48] Such surface reconstruction induced by chemisorption of gas molecules on HEA NPs can 

be captured in real-time, while the residual gas composition can be analyzed with correlation to the same 

time scale during the in situ experiments. For instance, the amount of formed carbon dioxide during the 

catalytic reactions are detected by RGA such that the reaction kinetics can be determined and correlated 

with morphology changes of HEA NPs. 

 

6.1.6 Post situ analyses of HEA NPs  

Post situ analysis on HEA NPs can be done using a specialized designed holder with high resolution 

tomography, EDS and EELS ability, with less interference from Si3N4 window. The structural information 

is obtained by combined imaging techniques including HRTEM, HAADF, LAADF, ABF and diffraction.  

 Compositional-wise, the dual EELS setup at University of Illinois at Chicago is especially powerful 

to analysis the chemical composition of HEA NPs due to the simultaneous collection of two energy ranges, 

including any combination of zero loss peak, low-loss region and high-loss region. The energy loss near 

edge fine structure (ELNES) and extended energy loss fine structure (EXELFS) analysis for oxygen K 

edge and several transition metal L2,3, M4,5 edges can be performed within a single collection at 0.5 eV 

energy resolution, allowing a detailed understanding of reaction products composition. In addition, the 

chemical state of different transition metals in HEA NPs can be obtained from EELS white-line intensity 

ratio analysis, such as Ti, Cr, Mn, Fe, Co, Ni L2,3 edges and Nb, Mo M4,5 edges. The edge onset for these 

transition metals are shown in Table 6-1.[278] The chemical composition of reconstructed HEA surface is 

also achievable through combined EELS analysis via dual EELS setup. 



173 

 

 

Table 6-1. Energy onset of L and M edges for exemplar transition metals. 

 L3/L2 (eV) M4,5 (eV) 

Ti 456/462 - 

Cr 575/584 - 

Mn 640/651 - 

Fe 708/721 - 

Co 779/794 - 

Ni 855/872 - 

Nb - 205 

Mo - 227 

6.2 In situ nucleation and growth studies of HEAs using liquid TEM  

6.2.1 Overview 

Although HEA NPs have been reported by various synthesis method such as bulk melting,[224, 225] solid-

state processing,[226-228] physical vapor deposition,[229] additive manufacturing,[230-232] 

carbothermal shock[233], and aerosol synthesis, [234] little is known of how the multiple elements 

combined together to form well-mixed single phase solid solution alloys. Insights of the nucleation and 

growth process of such HEA NPs during their initial fabrication stage can shed light on further design of 

highly stable alloy systems, and help further improve the properties in structural, thermal, corrosion-

resistance and catalytic activity/durability. 

 In situ liquid-phase TEM can be an ideal method to directly observe the initial nucleation and growth 

of HEA NPs with high spatial and temporal resolution. The whole process can be monitored in real-time 

and reaction kinetics can be obtained by analyzing the movies frame-by-frame. Combining the in situ 
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analytical EDS capability, one can extract chemical composition information during reaction process and 

link such compositional evolution with structural dynamics. Here, we target combining two in situ TEM 

techniques for such study: in situ graphene liquid cell TEM and in situ liquid-flow TEM. The former one 

is especially ideal for atomic resolution imaging and EDS on nucleation and growth process of HEA NPs 

in liquid phase, providing high pressure inside the graphene liquid cell to trigger nucleation process. The 

latter method is ideal for statistical analysis of overall behavior by looking at HEA NPs in relatively lower-

magnifications. In addition, the in situ liquid-flow method allow the introduction of liquid into the reaction 

chamber such that the influence of external reaction agents on nucleation and growth process can be 

studied.   

 

6.2.2 Experimental setup 

Liquid-flow TEM holder 

Figure 6-2a shows the schematic of in situ liquid holder. The idea of liquid-flow TEM method is isolated 

metal salt precursor solutions by one pair of microchips. Liquid metal salt precursor solutions are drop-

casted onto one of the microchips and the other microchip sealed the liquid cell before the solution dry-

out. Electron transparent Si3N4 windows are on both side of Si microchips to allow real time observation. 

The window on each microchip has 50 nm thickness and a dimension of 550 × 20 μm2. Windows can be 

aligned in either parallel or perpendicular to provide maximized or confined viewing area. The in situ 

liquid-cell holder allow either static or flowing liquid conditions, with a maximum flow rate of 350 μL/h. 

This allows the study of how external metal salt precursor influence the nucleation and growth process. 
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TEM, HRTEM and (S)TEM imaging and video recording can be done during the whole in situ experiment.  

 

Figure 6-2. (a) Schematic of in situ liquid-cell (S)TEM to study nucleation and growth of HEA NPs in 

aqueous solution. (b) Schematic of GLC for study of HEA nucleation and growth in liquid.  

 

Graphene liquid cell (GLC) 

The schematic of GLC is shown in Figure 6-2b.[25] To prepare GLC, a general method is involved 

including fabrication of single or few-layer high quality graphene, transfer the graphene layer onto TEM 

grid, loading metal salt precursor solutions onto the graphene layer and final isolate the liquid cell by 

putting another graphene layer on top of the bottom graphene. The fabricated GLC can be loaded directly 

to conventional TEM holders without the need for specialized in situ holders. In comparison to liquid-

flow TEM holder, GLC provide advantages including ensure a much better spatial resolution in 

imaging/video recording as well as much better SNR in analytical techniques like EELS/EDS. However, 

the short comes of GLC are specific to lack of the ability of flowing liquid in/out from the cell that are 
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necessary to observe the reaction starting from the initial stage. Therefore, one can expect to extract the 

most information from structural and chemical aspects by combing the two in situ techniques together.  

 

6.2.3 Structural analyses of HEA NP evolution 

The morphological evolution of HEA NPs are captured in real-time via liquid-flow TEM method. Staying 

at a relatively lower magnification, one can ensure a larger filed-of-view to include as much of nucleation 

center as possible to extract statistical information. By measuring the particle size and shape evolution as 

a functional of time, critical radius of nuclei formation can be determined. It is expected that the critical 

radius of HEA nuclei is determined by the total free Gibbs energy discussed in Chapter 2.1: 

∆𝐺 = 4𝜋𝑟2𝛾 +
4

3
𝜋𝑟3∆𝐺v 

but the value of radius can be different compared to the nucleation of monometallic element since both 

the bulk free energy and surface energy can varies. It is proposed that during the initial nucleation stage 

where the metal with highest positive reduction potential is reduced first, while the nucleation of secondary 

element will change the surface energy and thus alter the critical radius. Therefore, it is expected that the 

nucleation radius is a dynamic process that varies based on different steps of reduced metals, and an 

ultrafast imaging system is ideal to capture the initial nucleation process. 

 

In addition, growth kinetics can be identified by measuring the average radius as a function of time. As 

discussed in Chapter 2.1, the growth process is determined by factors involving reaction at the surface and 

diffusion of reactant to the surface. In order to estimate the rate-limiting factor, the diffusion coefficients 
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of different metals in aqueous solution need to be compared. If there is significant difference between 

diffusion of metals, the growth process will involve inhomogeneous deposition of certain metals and lead 

to phase segregation in the obtained HEA NPs. Therefore, the initial concentrations of metal precursors 

are expected to be adjusted accordingly based on the diffusion coefficients. For the growth mechanism, it 

is proposed that the process can involve both particle migration and coalescence and Ostwald ripening, 

with the first one being the dominant mechanism. This is because of the build-in entropy and strong metal-

to-metal bonds in HEA nuclei making adatoms hard to leave the surface and diffuse toward others, while 

the Brownian motion of free standing nuclei and the following attachment is less influenced by the 

intrinsic properties of HEA NPs.  

 

The structural evolution of HEA NPs are captured in real-time via GLC method by staying at relatively 

higher magnification so that atomic information can be resolved. The possible amorphous to crystal 

transformation during nucleation and growth process are expected to be observed by real-time HRTEM 

imaging combined with FFT analyses. Information regarding the transformation of amorphous to 

crystalline in aqueous precursor solution, growth of crystal lattice and orientation evolution, particle 

migration and coalescence in liquid during oriented attachment are expected to be analyzed through 

HRTEM imaging and FFT interpretation. Since the reaction kinetics maybe fast in aqueous solution with 

few seconds or minutes, MEMS-based liquid-flow holder is used where flow of precursor solution into 

the liquid cell can be controlled such that in situ video recordings are allowed to avoid missing any process 

at the initial stage. In addition, MEMS-based liquid-flow holder is advanced in providing larger field of 
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view compared to GLC, so the overall nucleation and growth processes of larger number of HEA NPs can 

be captured at same time, allowing straight-forward statistical analysis.   

 

6.2.4 Analytical studies of HEA composition evolution 

GLC provides an ideal environment to perform in situ EDS and EELS during the nucleation and growth 

process of HEA NPs due to the thin layer of graphene and low atomic number of carbon. Therefore, both 

EDS and EELS can be performed on aqueous solution without significant loss of SNR. The chemical 

distribution in a field of view is easily obtained. Figure 6-3a and b shows the EELS mappings obtained on 

ferritin samples in GLC and on monolayer graphene.[32] The protein shell containing N and O over the 

ferritin particle can be identified, and further valance state analysis of Fe was performed on L2/L3 ratio 

and O K-edge analyses. For HEA NPs with principle elements including transition metals, the higher 

atomic number compared to soft ferritin materials can provide better signal for EDS and EELS analysis. 

  

Figure 6-3. EELS mappings of N, O, and Fe on ferritin samples (a) in GLC and (b) on monolayer 

graphene layer. [32]© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim. 
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The reduction potential of metal ions in aqueous solution are listed in Table 6-2.[130] It can be seen that 

noble metals such as Au3+ and Pt2+ are very easy to be reduced to Au and Pt to form metallic atoms in 

aqueous solution, while transition metals are harder to be reduced since their reduction potentials are 

mostly negative. This also means that for the co-existence of several metal elements, the ones with more 

negative reduction potentials will be oxidized by others into ionic phase, preventing the simultaneous 

formation of metal atoms. Therefore, it is important to control the electron beam conditions such that the 

solvated electrons in liquid can be sufficiently generated for the reduction of different metals. In particular, 

EELS has the capability to analyze the valance state of metals and thus can provide insight on the 

formation composition of metallic HEA NPs.  

 

Table 6-2. Reduction potential for exemplar metals in aqueous solution at room temperature.[130] 

Half reaction Reduction potential 

𝐴𝑢3+ + 3𝑒− → 𝐴𝑢 +1.40 V 

𝑃𝑡2+ + 2𝑒− → 𝑃𝑡 +1.20 V 

𝐶𝑢2+ + 2𝑒− → 𝐶𝑢 +0.34 V 

𝐹𝑒3+ + 3𝑒− → 𝐹𝑒 -0.04 V 

𝑁𝑖2+ + 2𝑒− → 𝑁𝑖 -0.23 V 

𝐶𝑜2+ + 2𝑒− → 𝐶𝑜 -0.28 V 
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𝐶𝑟2+ + 2𝑒− → 𝐶𝑟 -0.91 V 

𝑀𝑛2+ + 2𝑒− → 𝑀𝑛 -1.18 V 

 

6.2.5 Post situ analyses of HEA NPs  

Post situ analyses of HEA NPs formed via liquid-flow TEM method can be done by using a self-designed 

multifunctional specimen holder that allow loading of one microchip with sample after liquid-phase 

reactions. Structurally, HRTEM and STEM imaging can be achieved to fully resolve the formed HEA NPs 

from liquid phase nucleation and growth processes. Compositional wise, EDS and EELS can be done at 

the same sample region after nucleation/growth process to further confirm the composition of HEA NPs, 

as well as the valance state distribution of multiple elements. Phase segregation, if happened, are expected 

to be identified by EDS and EELS analyses.  

Post situ analyses of HEA NPs formed via GLC method can be done by directly imaging the same 

sample region after nucleation and growth process. Since the graphene layer is thin enough in reducing 

the electron scattering, it is straight-forward to obtain atomic resolution HRTEM and STEM images to 

extract crystallinity information. In addition, EDS and EELS can be done with a better SNR than liquid-

flow TEM method such that quantitative analyses are possible.  

 

6.3 In situ TEM of calcination and sintering in high entropy alloys and oxides 

6.3.1 Overview 

High entropy oxides (HEO), a form of homogeneous mixed oxide involving more than five principle metal 
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elements with oxygen, is attracting increased attentions in application of energy related materials and 

structural oxides. Calcination, a key process widely involved in materials synthesis with desired properties 

in ceramics, thin films and structural oxides, can be utilized to produce industrial quantity of HEO.  

Understanding the key processes involved in the calcination of HEA to form HEO is essential for the high-

efficiency, low-cost production of the materials. Here, the in situ TEM technique are used to investigate 

the calcination behavior of HEA to HEO. The mechanism can be explored with two steps, sintering 

behavior of HEA NPs at high temperature in vacuum and gases environments; and calcination of HEO 

NPs in air environments.  

 

6.3.2 Experimental setup 

To investigate the sintering behaviors of HEA NPs in vacuum condition, the MEMS-based heating TEM 

holder is used. The holder is assembled after drop-casted HEA NPs onto the microchip. In microscope, 

the local temperature at HEA specimen region can be controlled from room temperature to any value up 

to 1000 °C in one millisecond. The dynamic processes in HEA sintering can be monitored with atomic 

resolution.  

To investigate the calcination process of HEA NPs, the in situ gas TEM technique is utilized where HEA 

NPs are isolated in air environments and high temperatures for a specified period of time. Then real-time 

imaging/video are performed to capture the whole process. During the experiments, analytical methods 

using EDS can be done to further obtained the compositional information of the transformation of HEA 

into HEO NPs.  
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6.3.3 Structural and compositional analyses 

During the in situ TEM experiments, sintering of the HEA NPs can be captured in real-time, including the 

possible dynamic processes like rotation, migration, oriented attachment, formation of necking regions 

between NPs, formation of dislocations during the coalescence, and formation and evolution of surface 

curvatures. Due to the much improved thermal stability of MEMS-based in situ heating instrument, atomic 

resolution imaging can be performed at the sintering region to extract the structural information. 

Compositional probing based on EDS and EELS is achievable such that the elemental distribution 

evolution during sintering can be analyzed.  

 

Figure 6-4. Au NPs coalescence process on h-BN support in vacuum condition at RT.  
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Figure 6-5 shows the sintering process of HEA NPs at 400 °C in N2 gas. When temperature rises from RT 

to 400 °C, the smaller NPs (highlighted by red and yellow arrows) gradually migrate and coalesce with 

the adjacent larger NPs, and the size of smaller NPs is reducing due to the diffusion of atoms towards the 

larger NPs lattice. This sintering process is accompanied with reduce of surface curvature (as shown by 

the blue arrows) to minimize the surface energy at the necking interface. Therefore, the necking region 

transform from large surface curvature into a smoothed spherical surface at the end of sintering process. 

 

Figure 6-5. Time series TEM images showing the HEA NPs sintering at 400 °C in N2 gas. First frame 

corresponding to the condition at RT and is right before temperature rises to 400 °C. The arrows in red, 

and yellow highlight the region that sintering is happening. Blue arrows highlight the sintering induced 

evolution of surface curvature. 

 

During sintering process, defects such as dislocations, twin boundaries are expected to form because the 

thermodynamic equilibrium drives the reduce of interfacial energy between different grain boundaries. 

For example, Figure 6-6a shows atomic resolution ABF image of adjacent Au NPs on h-BN support. The 

upper NP is in <111> zone axis, and the bottom one in <110> zone axis. There is no rotation observed 
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during the image acquisition. Figure 6-6b is enlarged image in dashed boxed region in a and the 

corresponding atomic illustration shows in c. The Au atoms can be seen as darker contrast from both the 

upper and bottom NPs, with a stabilized grain boundary interface in between that prevent coalescence. 

 

Figure 6-6. (a) Interface between two adjacent Au NPs on h-BN support. The upper NP is in <111> zone 

axis while the bottom one in <110> zone axis. (b) Enlarged image from dashed boxed region in (a) 

showing the interface between upper and bottom Au NP. (c) Atomic illustration of the Au atoms at the 

interface forming grain boundary. 

 

Similar process can be captured and analyzed for HEA NPs to provide insights for their sintering resistance 

compare to mono or bimetallic NPs. Figure 6-7a shows the atomic resolution ABF image of HEA NPs 

with adjacent smaller NPs during the coalescence process. Dislocation at the particle-particle interface 

were formed and is highlighted in Figure 6-7b. The atomic columns from the smaller NPs and close to the 
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dislocation interface are highlighted as well. Further experiments capturing the whole process of 

dislocation evolution including migration and diffusion are helpful to provide deeper insights regarding 

the mechanical properties of HEA NPs. 

 

Figure 6-7. (a) ABF image of HEA NPs structural change during coalescence. (b) Atomic locations 

extracted from (a) highlighting the formation of edge dislocation at the particle interface. 

 

For in situ calcination experiments using gas TEM, atomic resolution imaging is also possible if the HEA 

and HEO NPs are on zone axis; In addition, EDS can be done through the SiN viewing window benefiting 

from the recent novel design of in situ gas TEM holder.  
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Chapter 7 Conclusions 

(Partial of this Chapter is from my published articles.[1-3] The permission is attached in Appendix.) 

In situ TEM can be a powerful tool for studying materials dynamics in their service conditions. The 

conclusions from the presented research projects are summarized here. 

 

In the first project, in situ liquid phase TEM is utilized to investigate the nucleation and growth processes 

in synthesis of 2D supported heterogeneous catalysts. Specifically, the visualization of dynamic nucleation 

and growth processes of gold nanoparticles on ultrathin MoS2 nanoflakes by in situ liquid-cell 

transmission electron microscopy (TEM) are presented. The galvanic displacement resulting in Au nuclei 

formation on MoS2 was observed in real time inside the liquid cell. The growth mechanism of Au particles 

on pristine MoS2 is found to be in between diffusion-limited and reaction-limited, possibly due to presence 

of electrochemical Ostwald ripening. Differ from pristine MoS2, sulfur vacancies on MoS2 induce Au 

particle diffusion and coalescence during growth process. The size difference is because the exposed 

molybdenum atoms at the edge with dangling bonds can strongly interact with Au atoms, whereas sulfur 

atoms on MoS2 interior have no dangling bonds and weakly interact with gold atoms. In addition, S 

vacancies on MoS2 generate strong nucleation centers that can promote diffusion and coalescence of Au 

nanoparticles. Therefore, the role of 2D materials in controlling the size and orientation of noble metal 

nanoparticles vital to the design of next generation catalysts is better understood. 
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In the second project, key insights into the parameters affecting the catalyst degradation mechanisms on 

2D supports are obtained. Specifically, the degradation behavior of Pt and bimetallic Au-core Pt-shell NPs 

on MoS2 supports at high temperatures under vacuum, N2, H2, and air environments by in situ gas-cell 

TEM are presented. The key observations are summarized as: Effect of environment: while PMC was the 

main mechanism that led to Pt and Au@Pt NPs degradation under vacuum, N2 and H2 environments, the 

degradation of MoS2 substrate was prominent under exposure to air at high temperatures. Pt NPs were 

less stable in H2 environment when compared with the Pt NPs under vacuum or N2, due to Pt-H 

interactions that weakened the adhesion of Pt on MoS2. Effect of nanoparticle composition: under H2, the 

stability of Au@Pt NPs was higher in comparison to Pt NPs. This is because H2 promotes the alloying of 

Pt-Au, thus reducing the number of Pt at the surface (reducing H2 interactions) and increasing Pt atoms in 

contact with MoS2. Effect of nanoparticle size: The alloying effect promoted by H2 was more pronounced 

in small size Au@Pt NPs resulting in their higher sintering resistance in comparison to large size Au@Pt 

NPs and similar size Pt NPs.  

 

In the third project, efforts have been devoted to answer a range of challenging questions related to alloy 

oxidation and reduction mechanisms that are hard to be resolved at atomic scale and in real-time. This is 

especially true for high-entropy alloys (HEAs) in the form of single-phase nanoparticles (NPs) displaying 

promising properties in catalysis, electronics, and energy storage fields. Specifically, the oxidation and 

reduction behaviors of FeCoNiCuPt HEA NPs in atmospheric pressure air and H2 environments are 

investigated by in situ gas-cell TEM. Combined with real-time imaging and analytical characterizations, 
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the oxidation of HEA NPs is found to be Kirkendall effect governed co-segregation process with 

logarithmic rate constants. In reducing environment, the oxide layer expands and transforms into porous 

structures, with oxidized Cu being fully reduced to Cu NPs while Fe, Co, and Ni remain in the oxides. 

Revealing the oxidation and reduction behaviors of HEA NPs helps the development of advanced 

multicomponent alloys for wide applications possibilities. 
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